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Chapter 1.

General Introduction

This thesis describes studies on various aspects of physical metallurgy of precipitate iron
particles in a copper matrix using Cu-Fe and Cu-Fe-Co alloys. In this chapter, the Cu-Fe alloy
-system will first be overviewed briefly and then the motivation of the present studies will be

introduced.
1.1. The Cu-Fe system

When a supersaturated Cu-Fe solid solution with less than 4 mass% Fe is aged, owing to
the small lattice misfit between copper and y-iron, spherical and coherent y-iron (f.c.c.) particles are
first formed in a copper matrix [1, 2]. As can be seen in the Cu-Fe equilibrium phase diagram [3]
in Fig. 1-1, the y-iron particles are thermodynamically metastable below 1185K. However, they do
not transform into stable a-iron even when the alloy is simply cooled down to the liquid helium
temperature (4.2K) [4]. To introduce the y—a transformation in the iron particles, either plastic
deformation of the alloy [2, 5-7], extraction of the particles from the copper matrix [8], or prolonged
aging (for example, over 30d when aged at 973K) [9, 10] is necessary. The y-iron particles are
paramagnetic at room temperature and have the Neel temperature at about 100K [11]. On the other
hand, the transformed a-iron particles are, of course, ferromagnetic. Therefore, the‘y—>a transfonnation
accompanies the magnetic change.

The y—o transformation caused by plastic deformation is martensitic in nature and, as a
result, a layered internal structure consisting of two twin-related a-iron variants is formed in the
transformed particles [7, 8, 12]. Both of the variants nearly satisfy the Kurdjumov-Sachs (KS)
orientation relationship, {111},//{110}, and (110),/K111),, to the copper matrix [7, 8, 12].

Annealing of the as-transformed o-iron particles is known to induce a spherical to ellipsoidal
shape change with the direction of elongation parallel to (110),, [13]. Associated with this change
is the disappearance of the twinned structure and the a-iron particles eventually become single

crystals.
1.2. Historical background and the motivation of the present study

'The Cu-Fe alloy system is unique, useful and interesting. Various aspects of physical
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metallurgy can be studied using this alloy. (1) phase transformation, (2) growth and coarsening
kinetics of precipitates, (3) magnetism, (4) crystallography of precipitates are among them and all of
these will be studied in this thesis. In the following, unique features of the Cu-Fe system to
investigate such topics as above will be listed and the motivation and aim of the present study will
be identified. :

As for (1), it is well known that martensitic transformations are affected by external stresses
such as a uniaxial stress or hydrostatic pressure [7, 13-25]. The Cu-Fe system is very suited for
the investigation of the stress effects since the transformable sites are pre-determined as the iron
particles. There are two different ways of understanding the stress effects. The more commonly
accepted one is that due to Patel and Cohen [14]. They considered that the applied stress helped the
total shape deformation accompanying the transformation. The other, proposed by Bogers and
Burgers [16], considers that the applied stress helps the shear deformation involved in the lattice
change.

Although many experimental studies have been performed [7, 20-22, 26-29], it appears that
the stress effects on martensitic transformations have not been clearly understood. This is possibly
because various mechanical effects, such as those of internal stresses and interaction between
martensites, almost always appear during the course of the transformation. These may inevitably
mask the true effect of the applied stress. Since the volume fraction of the y-iron particles is small
and the distance between particles is large compared with the particle size, thg direct effect of the
applied stress on the y—>a martensitic transformation can be expected in the Cu-Fe alloy with no
need to pay attention to the internal stresses and the interaction.

For (2) the growth and coarsening kinetics of precipitates, Matsuura et al. [30] examined
the growth of y-iron particles and found that the growth rate obeyed the Lif; shitz-Slyozov-Wagner
(LSW) law [31, 32] of the Ostwald ripening. From this, they evaluated the coherent y-Fe/Cu
interfacial energy. Applying a proper heat treatment and deformation, one can obtain a Cu-Fe alloy
containing both y- and a-iron particles. It is interesting to know what happens when the two
different kinds of particles coexist during the particle growth process. The unique feature of the
Cu-Fe alloy system gives us a unique opportunity to study this subject. -

Although aging of a supersaturated solid-solution Cu-Fe polycrystals induces the precipitation
of coherent y-iron particles inside the grains, incoherent a-iron particles are usually formed on
grain boundaries from the beginning of aging [33]. To investigate the grain-boundary precipitation,
however, a Cu-Fe-Co alloy is more suited since ternary addition of Co to the Cu-Fe alloy is known

to enhance the precipitation of boundary o-Fe-Co particles [34]. It is well known that the nucleation
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frequency and morphology of grain-boundary precipitates depend strongly on the character of
grain boundaries [35-45]. Monzen et al. recently investigated the grain-boundary precipitation in
the early stage of aging using orientation-controlled Cu-Fe-Co bicrystals [34, 45]. They have
shown excellent correlation between the grain-boundary energy and the precipitation frequency: the
larger the boundary energy, the more precipitates are formed. It is expected that if longer aging is

conducted, the boundary a-Fe-Co particles will grow and its morphology will change. Although |
the growth of boundary precipitates has been studied by several investigators [41, 44], usage of
polycrystals prohibited them from finding the relationship between growth kinetics and grain-boundary
character. In this study, this point will be examined using orientation-controlled Cu-Fe-Co bicrystals.

During the course of the investigation, the LSW theory as applied to one-, two- and
three—divmensional diffusion mechanisms had to be considered. As a by-product of the present
study, a new method was found to derive the fundamental rate equations for particle growth very
easily.

When single crystals of a Cu-Fe alloy are used to investigate the stress-induced y—>o.
martensitic transformation, specific KS variants out of 24 crystallographically equivalent ones are
formed preferentially depending on the sense (tension or compression) and direction of the applied
stress [7, 46]. Moreover, as mentioned earlier, the a-iron particles grow and elongate along (110).,
directions on annealing. These phenomena will introduce magnetic anisotropy, due to both crystal-
and shape-anisotropy effects, in the alloy. In turn, if magnetic anisotropy of the alloy is measured,
one may be able to know what stress-induced variants are formed preferentially. As for (3)
magnetism, this idea will be pursued.

Finally, for (4) the crystallography of precipitates, the morphology and crystallography of
elongated (well-grown) a-iron particles in a copper matrix will be investigated. 1t is known that the
particle/matrix interface orientation is often determined so as to make the interface "best fiited"
[47-53]. Kato et al. recently proposed geometrical criteria to predict and explain the crystallography
and morphology of best-fit interfaces [54]. If these criteria hold, the interface orientation between
the o-iron particles and the copper matrix must be described by the Bain correspondence since the
moIar volumes of the two crystals are almost the same [54]. It is true that the geometrical criteria

< were originally developed to discuss epitaxial relationships between substrate and deposit crystals.
Since the combination of copper and iron, one for the substrate and the other for the deposit, was
mainly used experimentally by Kato et al., it is of particular interest to examine whether or not the

criteria is also applicable to the o-iron precipitate/copper matrix interface.



1.3. Outline of this thesis

In Chapter 2, "Stress Effects on Martensitic Transformation of Small Iron Particles in a
Copper Matrix", the stress effect on the y—>a martensitic transformation in small iron particles is
examined using single crystals. It is concluded that applied stress helps the shear deformation
involved in the f.c.c. to b.c.c. lattice change.

In Chapter 3, "Growth of a-Iron Particles in a Copper Matrix", the growth kinetics of
a-iron particles in a copper matrix is examined for the cases where only a-iron particles exist and
where both a- and y-iron particles coexist. By applying the LSW theory, the a-Fe/Cu interfacial
energy is evaluated. In addition, the fundamental rate equations for Ostwald ripening processes are
derived by taking directly into account the change in interfacial free energies.

In Chapter 4, "Magnetic Anisotropy Caused by the Formation of Stress-Induced Martensite
in Small Iron Particles in a Copper Matrix", magnetic anisotropy of Cu-Fe single crystals with
transformed a-iron particles is investigated by measuring magnetic torque which appears when a
sample is set in a magnetic field. From this measurement, the preferential formation of stress-induced
particular KS variants of a-iron particles as well as the shape change of the particles by annealing is
detected.

In Chapter 5, "Crystallography and Morphology of Needle-Like a-Iron Particles in a
Copper Matrix", the crystallography and morphology of elongated a-iron particles in a copper
matrix are studied. It is found that the experimental results can be explained excellently by
adopting the recently developed geometrical criteria for interface crystallography.

In Chapter 6, "Growth of Grain-Boundary Precipitates in Cu-Fe-Co Bicrystals", the growth
of a-Fe-Co particles on [011] symmetric tilt boundaries in Cu-Fe-Co bicrystals is examined. The
change in the width of precipitate-free zones with aging is also investigated. By considering both
the volume diffusion of iron atoms in the copper matrix and the pipe diffusion through grain-boundary
disloéations, the growth mechanism of the boundary precipitates is discussed.

In Chapter 7, "General Summary and Future Prospects”, the contents and main findings and

conclusions of this thesis are summarized and some remarks for possible future studies are presented.
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Chapter 2.
Stress Effects on the Martensitic Transformation

of Small Iron Particles in a Copper Matrix
2.1. Introduction

It is well known that uniaxial applied stress helps martensitic transformations and raises the
martensite start (M,) temperature. This can naturally be understood since the martensitic
transformations are characterized by diffusionless and shear-type ones. The stress-induced
martensites, thus formed, may be crystallographically and morphologically different from martensites
formed by simple cooling. By simple cooling, all crystallographically equivalent martensite variants
can be formed with equal probabilities. On the other hand, if the transformation is assisted by
stress, only a few variants may be formed preferentially [1, 2].

However, even if we limit ourselves to the f.c.c. (y) to b.c.c. (o) transformation in ferrous
alloys, no unanimous understanding of the stress effects on the martensitic transformation appears
to be established. Many investigators [3-6] follow the thermodynamic discussion developed by
Patel and Cohen [1]. They have considered that the stress helps the total shape deformation
accompanying the transformation. This stress effect will be referred to as the "stress effect on the
shape deformation”. For a plate-shaped martensite, the total shape deformation consists of a shear
component parallel to the habit plane and a dilatational component perpendicuiar to the habit plane.
Patel and Cohen considered that such a martensite variant whose total shape deformation is most
effectively helped by the applied stress is formed most easily.

Another way of understanding the stress effect is that the applied stress helps the shear
movement of atoms to change the lattice [2, 7-12]. As the shear movement, the {111}{211) shear
system of the y phase is considered by Bogers and Burgers [7] and the occurrence of the two
independent {111}(211) shear systems results approximately in the lattice change from f.c.c. to
b.c.c. (the Bain deformation). This shear movement is considered to occur in the early stage of the
transformation [8-12]. The stress effect of this type will be referred to as the "stress effect on the
lattice change".

According to the phenomenological crystallographic theory of martensitic transformations
[13, 14], the total shape deformation consists of lattice deformation (Bain deformation), lattice-invariant
deformation and rigid-body rotation. Since the lattice deformation considered in the latter stress

effect is only a part of the total shape deformation, it may appear very easy to experimentally find

8



which stress effect plays a more important role. However, if polycrystals are used for the experiment,
since the stress effect varies with the orientation of individual grains, it is difficult to make a
conclusive argument. Moreover, as will be mentioned later, even if single crystals are used for the
experiment, unless proper combinations of alloy systems and experimental conditions are selected,
it is not easy to know the predominant stress effect from the observed preferentially formed
stress-induced martensite variants.

The main purpose of the present study is to find which of the above two stress effects is
more important. The Cu-Fe alloy system is best suited for this purpose. This is because only the
y-iron particles embedded in the copper matrix can undergo the f.c.c. to b.c.c. martensitic transformation
and, therefore, the transformable sites in the alloy are pre-determined and limited. On the other
hand, if a usual austenitic alloy is used as a starting material to investigate the stress-induced
martensitic transformation, any region of the parent austenite phase can transform. In such a case,
internal stresses developed by the formation of martensites per se and the interaction between
martensite plates may affect the successive formation of martensite variants. If this is the case, it is
impossible to regard that the formation of all the martensites is assisted by the applied stress. In
fact, such phenomena as the autocatalytic effect [17] and the self-accommodating morphology [18]
are well known to be caused by the effects of the internal stresses and the interaction between
martensites. On the contrary, since the volume fraction of the iron particles in the copper matrix is
small, the effects of the internal stresses and the interaction between the particles can be neglected
and the direct effect of the applied stress can reasonably be expected for the pfef erential formation
of stress-induced variants.

Using this alloy, Kato et al. [11] identified the stress-induced variants and concluded that
the stress effect on the lattice change was more important. In the present study, as an extension of
the study by Kato et al., preferentially formed martensite variants will be investigated by applying
the external tensile and compressive stresses along [001] and [419] to Cu-Fe single crystals.
Furthermore, the fraction of transformed a-iron particles will be examined as a function of the

amount of plastic strain.
2.2. Experimental

2.2.1. Specimen preparation
Single crystals of a Cu-1.5mass%Fe alloy were grown by the Bridgman method. Tensile

(3%3x%50mm) and compressive (3x3x5mm) specimens were cut from the single crystals so as to
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have the stress axis of either [001] or [419]. These specimens were solution treated at 1273K for
4h and quenched into water. To obtain precipitated y-iron particles (average diameter of 100nm) in
the copper matrix, the specimens were aged at 973K for 3d. According to the Cu-Fe equilibrium

phase diagram, the volume fraction of the y-iron particles is 1.40vol%.

2.2.2. Stress-induced martensites

To know the amount of plastic strain accurately, several micro-Vickers indentations were
pressed near the central part of the specimens. Then, the specimens were deformed either in tension
or in compression using the Instron-type testing machine at the cross-head speed of 5x10° mm/s.
Specimens to examine preferentially formed variants by transmission electron microscopy (TEM)
were deformed at 77K (liquid nitrogen) by about 10% plastic strain. The deformation induced the
y—>o. martensitic transformation in practically all the particles. On the other hand, specimens to
examine the fraction of transformed particles were deformed at room temperature and various

plastic strains were imposed.

2.2.3. TEM observation

Deformed single-crystal specimens were cut parallel to {111} planes to make thin foils for
TEM. Final electrolytic polishing was performed using the HNO,:CH,;OH = 1:4 solution at 243K
and 5V. A Hitachi H-700 TEM was used under the acceleration voltage of 200kV.

2.2.4. Magnetic measurement

To find the amount of transformed particles as a function of plastic strain, saturation
magnetization of deformed specimens was measured using a vibrating sample magnetometer (VSM).
Figure 2-1 shows the construction of VSM. A magnetic field of 10T is applied to magnetize a
specimen S to saturation. By moving the specimen up and down (amplitude: 0.1-0.2mm, frequency:
80Hz), vibrating magnetic flux is produced in a search coil C. The saturation magnetization of the
specimen is obtained by comparing the induced alternating current of the search coil with that of
another search coil set at a standard magnet M.

The saturation magnetization of iron at room temperature is 2.16T [19]. Therefore, if all the
iron particles are assumed to have transformed into a-iron, the saturation magnetization of

I, =2.16 x 1.40 x 10 [T]=3.01 x 10? [T]

can be expected. If the measured saturation magnetization of the specimen is I, 1/1 is defined as

the fraction of transformed particles in the present study.
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Fig. 2-1. Schematic diagram of the vibrating sample magnetometer.
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2.2.5. Notation of 24 KS varianis

As mentioned earlier, the o-iron martensite particles have nearly the KS orientation relationship
to the copper matrix. Therefore, following the notation adopted in the previous studies [8, 9], the 24
KS variants are denoted as in Table 2-1. In the following, the subscripts f and b will denote f.c.c.

and b.c.c., respectively.
2.3. Results

2.3.1. TEM observation

Preferentially formed variants were identified by taking diffraction patterns and dark-field
micrographs. The specimens with deformation axes [001], and [419]; will be referred to as the
[001] and [419] specimens.

Figure 2-2 shows the bright-ficld micrograph of an [001] specimen deformed by 8% in
tension. Each o-iron particle consists of alternating layers of twin-related variants with the layers
parallel to (110); directions. For the [001] specimens, all the four {11 1},-type planes are
crystallographically equivalent. Therefore, all the observed variants can be represented as those
belonging to the family of the ( 1 IT)f plane in Table 2-1. For example, both of the two different
variants of a-iron particles seen in Fig. 2-2 can be represented as those consisting of the twinned
KS variants 1-3 and 1-6. |

The same [001] specimen as above was observed with the incident beam  parallel to (T 11
) as shown in Fig. 2-3. The bright-field micrograph is shown in (a) and the dark-field micrograph
(b) was taken using the 110 a Spot of the 1-3 variant in the diffraction pattern (c). Comparison
between the bright-field and dark-field micrographs reveals that almost all the particles are made of
- the (1-3, 1-6) variant pair.

Similar observation was performed for an [001] specimen deformed by 9% in compression.
It was found that ai-iron particles consisting of the (1-1, 1-4) twin pair and the (1-2, 1-5) twin pair
were formed approximately in equal amounts. ’

; For the [419] specimens, the four {111}, planes are no longer equivalent. Therefore, rather
tedious TEM observations had to be performed by preparing four types of thin foils, each parallel
to either one of the four {111}, planes. As a result, the (1-3, 1-6) pair was found to be predominant
in a [419] specimen deformed in tension and the (1-1, 1-4) and (2-1, 2-4) pairs were found to be

Preferentially formed in a [419] specimen deformed in compression. These results are summarized
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Table 2-1. Notation of the 24 KS variants.

Variant Plane Direction Twin-related
name (fce)//(bee)  [fcc] // [becl variant

1 (T11) (110) [10T7] [T1T) 1-4
2 (011} [T11] 1-5
3 [1To] [117] 1-6
-4 [To1] ([T11] 1-1
5 [o11] [T1T1}) 1-2
6 [110}] [T11] 1-3

2-1 (111) (110) f[101] [111]
2-2 [oT1] [T11]
2-3 [1T0] [T17]
2-4 [107] [T11]
2-5 [01T] [TIT]
2-6 [T10] [T11]

1 (171)  (110) [T0T] [T1T] 3-4
2 [017] [T11] 3-5
3 {110] [T11} 3-6
-4 (101} [T11] 3-1
5 [oT1}] [117] 3-2
6 [1T0] [T11} 3-3

4-1 (T11) (110) [101] [T1T] 4

4-2 [o11] [T11] 4
4-3 ‘ [Tio] [T11] 4
4-4 [To1] [T11] 4-
4-5 C[oTT]  [T1T] 4
4-6 [1T0] [111] 4
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Fig. 2-2. TEM micrographs of the [001] specimen deforrned by 8% in tension at 77K. ‘
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Fig. 2-3. Bright- and dark-field micrographs of the [001] specimen taken with the
. [T1T), zone axis. In the diffraction pattern (c), spots from the twin-related KS
variants 1-3 (dotted lines) and 1-6 (solid lines) are noted in addition to the 220 -type
spots from the copper matrix. The dark-field micrograph (b) was taken using the 170 R

spot in (c).
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in Table 2-2.

2.3.2. Volume fraction of transformed particles

Figures 2-4 (a) and (b) show the volume fraction of transformed a-iron particles in the
[001] and [419] specimens as a function of plastic shear strain. For comparison, data for polycrystals
of the same alloy are shown in Fig. 2-4(c). These polycrystals were subjected to the same heat
treatment as that for the single crystals and have the average grain size of 180um. To convert the
tensile (compressive) strain into the shear strain, the Taylor factor of 3.06 was adopted.

Monzen et al. [20] have shown that slip dislocations introduced and multiplied by the
plastic deformation act as amplifiers of the applied stress, giving the same but enlarged shear
component of the applied stress to the y-iron particles. According to them, such dislocations are
needed to induce the y—a martensitic transformation in the iron particles. Since this means that
plastic deformation is necessary for the transformation to take place, plastic shear strain was taken
as the abscissa in Fig. 2-4.

Regardless of the sense (tension or compression) of the applied stress, the martensitic
transformation is naturally promoted. Therefore, the fraction of transformed particles increases as
plastic strain increases. However, it should be noted that when comparison is made at the same
amount of plastic strain, compressive deformation induces more martensites than tensile deformation
in the [001] specimens. On the other hand, the convefse is true for polycrystalline specimens and
no significant difference can be seen between tension and compression for the [419] specimens. -
These results suggest that the degree of promoting the martensitic transformation depends on the
sense and direction of the applied stress. This important point will be discussed later in the light of
the TEM observation.

2.4. Discussion

24.1. Preferentially formed variants
| As mentioned in Introduction, two stress effects, one on the shape deformation and the
Other on the lattice change, have been proposed. Here, the observed variants in Table 2-2 will be
discussed on the basis of these two stress effects.
As repeatedly mentioned, an o-iron particle is made of two twin-related variants. These
variants are considered to be formed as a result of the occurrence of different (though

Crystallographically equivalent) lattice deformations ( Bain deformations). For example, let us

16



Table 2-2. Observed preferentially-formed KS variants of twinned o-iron martensite
particles in a copper matrix.

Stress {001] ¢ [419] ¢

axis Tension | Compression | Tension Compression
Observed | 1-3, 1-6 1-1, 1-4 1-3, 1-6 1-1, 1-4
variants 1-2, 1-5 2-1, 2-4
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consider the twin-related KS variants 1-3 and 1-6. From the simple crystallography of the KS
relationship, it ié found that the three (100), directions for the KS 1-3 variant, say, x, y and z,
become parallel to the following f.c.c. directions: x//[(+/6 =2)/6, (V6 +2)/6, 2/3];, ylI[-1/6, 26
-1)/6, (/6 +2)/6]; and z//[(246 +1)/6, —1/6, (J6 -2)/6],. The Bain deformation B, , for the 1-3

variant can be expressed on the x-y-z coordinate system as

g 0 O
B,=|0 g O (2-1)
0 0 g

Using the lattice constants a; = 0.3562nm (an extrapolated value [21]) and a, = 0.2862nm
of y- and o-iron, respectively, the principal Bain strains can be obtained as &= (+/2 ajac)-1 =
0.136 and &,= (a,/a;)~1 =-0.197.

When the angles between the stress axis and the x, y and z directions are denoted respectively
as a,, o, and a;, the interaction energy E, ; per unit volume between the applied stress o(o >0
for tension and o < O for compression) and the Bain deformation is written from Eq. (2-1) as

E, , =-o(gcos’a, + & cos’ a, + £,co8’ a,)
Therefore, for the applied stress of a unit magnitude, we have
E_.° =E_/lof |

A similar calculation can also be applied to obtain E,  ° for the 1-6 variant. Considering the
fact that an o-iron particle is made of a twin-layered structure containing the variants 1-3 and 1-6 in
- equal amounts, we obtain the interaction energy F, (per unit stress and unit volume) between the

applied stress and the total shape deformation of the twinned (1-3, 1-6) particle as
E=(E,°+E,92 : (2-2)

Such a calculation of the interaction energy was performed for all the 12 different twin-paired
o-iron particles for stress axes [001], and [419],. The results are shown in Table 2-3. For [001]
Specimens, all the expected variants can be regarded as those belonging to the variants 1-1 to 1-6
because of the crystal symmetry mentioned previously. In Table 2-3, twin-related pairs with
negative and positive E; values are expected to be formed preferentially in tension and in compression,
respectively.

From Table 2-3, it is found that all the observed twinned particles in tension have negative E,
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Table 2-3. Calculated E, values in equation (2-2) for KS twin-related pairs which
constitute o-iron particles. T and C indicate the observed pairs in tension and in
’ compression, respectively.

Twin-related [001] specimen [419]) specimen
pair E;y value | Observed | E; value; Observed
pair pair

1-1, 1-4 0.030 C 0.064 C
1-2, 1-5 0.030 C 0.002
1-3, 1-6 -0.134 T -0.102 T
2-1, 2-4 0.072 C
2-2, 2-5 0.025
2-3, 2-6 -0.088
3-1, 3-4 -0.011
3-2, 3-% 0.001
3-3, 3-6 -0.118
4-1, 4-4 -0.014
4-2, 4-5 -0.016
4-3, 4-§ -0.114
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values and all the observed particles in compression have positive E; values. Therefore, we can say
that the stress effect on the shape deformation reasonably explains the experimental results. However,
for the [419] specimens, although such twin pairs as (3-3, 3-6) (E; = —-0.118) and (4-3, 4-6) (E;=~
0.114) are expected to be formed more preferentially in tension than the observed (1-3, 1-6) (E,=—
0.102) pair, these pairs were not observed experimentally. This fact cannot be explained by the
stress effect on the shape def orrﬁaﬁon.

Let us now consider the stress effect on the lattice change. For this purpose, the Bogers-Burgers
mechanism [7] will be adopted in the present study. This mechanism considers that the Bain
deformation to change the lattice from f.c.c. to b.c.c. is decomposed approximately into the combination
of two {111}211);-type shear systems. Higo et al. [8], Kato et al. [9-11] and Sato et al. [12]
concluded that the observed stress-induced martensite variants in fejrous alloy single crystals could
be explained excellently when the stress effect on the first {111}(211), shear system was assumed
to be critical. Therefore, the same idea will be adopted below.

Table 2-4 lists the first {111}(211), shear systems of the Bogers-Burgers double-shear
mechanism and their Schmid factors for the [001]; and [419]; stress axes for all the 24 KS variants.
Since the {111}{211); shear systems are unidirectional, the sign of the Schmid factors was assigned
as negative when activated in tension and positive when activated in compression.

For the [001] specimen, since both 1-3 and 1-6 variants have a negative Schmid factor of
-0.236, the preferential formation of the (1-3, 1-6) pair in tension can be explajngd. For compression,
the variants 1-1 and 1-2 have a positive Schmid factor of 0.471. Therefore, the (1-1, 1-4) and (1-2,
1-5) pairs are expected to be more preferably formed than the (1-3, 1-6) pair. This is in agreement
with the experimental result in Table 2-2.

For the [419] specimen, the (1-3, 1-6) pair should have the strongest effect of a tensile
stress since the variant 1-6 has the largest absolute value of the Schmid factor, —0.433. This is
again in agreement with the experimental result. It may appear that the (1-2, 1-5) pair should also
be formed in tension since 1-5 has the same Schmid factor as 1-6. However, its twinned variant 1-2
is very unfavorable for the tensile stress with a large positive Schmid factor (0.433). On the other
harid, the Schmid factor of 1-3 is zero. This difference in the Schmid factors for the twinned

. variants can explain the absence of the (1-2, 1-5) pair in the [419] specimen deformed in tension. A
similar argument holds to explain the preferentially formed variants, (1-1, 1-4) and (2-1, 2-4) pairs,
in compression.

As seen in the above discussion, both the stress effects on the shape deformation and on the

lattice change can explain the experimental results of the preferentially formed variants reasonably.
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Table 2-4. The first {111}<211> shear system of the Bogers-Burgers mechanism for
each K8 variant and its Schmid factor. (

Variant | Shear system [001] specimen [419] specimen
Schmid factor | Observed | Schmid factor | Observed

1-1 (T1T) [T12] ¢ 0.471 C 0. 433 C
1-2 (T17) [T12] ¢ 0.471 C 0.433

1-3 (T11) [217] ¢ -0.236 T 0 T
1-4 (T11) [217] ¢ -0.236 C 0 C
1-5 (T11) (1271 ¢ -0.236 C -0.433

1-6 (T17) [121] ¢ -0.236 T -0. 433 T
2-1 (111) [112] ¢ 0. 438 C
2-2 (111) [112] ¢ 0.438

2-3 (111) [211] ¢ -0.067

2-4 (111) [211] ¢ -0. 067 C
2-5 (111) [121] ¢ -0.370

2-6 (111) [121] ¢ -0.370

3-1 (117) [1712] ¢ 0.303

3-2 (177) [172] ¢ 0.303

3-3 (111) [217] « -0. 260

3-4 (117) [211] ¢ -0. 260

3-5 (177) [121] ¢ -0. 043

3-6 (117) [127] ¢ -0. 043

4-1 (T11) [112] ¢ 0.221

4-2 (TT1) [T12] « 0.221

4-3 (1T1) [2T1] ¢ -0.154

4-4 (IT1) [2T1] ¢ -0, 154

4-5 (1T1) [121] ¢ -0. 067

4-6 (1T1) [T21] ¢ -0.067
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Therefore, it is not easy to draw a decisive conclusion as to which effect is in fact more critical. In
retrospect, such a difficulty is the main reason why the stress effect on the martensitic transformations
has not been clearly understood until now. We will see below that this long-lasting difficulty can

be overcome for the first time in the present study.

2.4.2. Fraction of transformed particles

The transformation curves in Fig. 2-4 will be discussed on the basis of the E, values and
Schmid factors in the previous section. First, the E, values in Table 2-3 show that the absolute
values for the [001] specimens is much larger in tension (~0.134) than in compression (0.030).
Therefore, if the E; value determines the transformability, tensile deformation should induce more
martensites than compressive deformation. This is in contradiction to the result in Fig. 2-4(a). For
the [419] specimens, the largest absolute E, values are for the (1-3, 1-6) pair (-0.102) in tension and
the (2-1, 2-4) pair (0.072) in compression. Again in this case, tensile deformation should induce
more martensites than compressive deformation. However, as seen in Fig. 2-4(b), no significant
dependence of the fraction of transformed particles on the sense of deformation was found.

Secondly, let us consider the Schmid factors in Table 2-4. For the [001] specimens, the
largest Schmid factor in tension (- 0.236) is just one-half of that in compression (0.471). Therefore,
compressive deformation is expected to induce more martensites than tensile deformation. For the
[419] speciniens, on the other hand, since the largest Schmid factors in tension (- 0.433) and in
compression (0.438) are nearly the same, no significant difference is expecfed in the amount of
transformed particles. These expectations are in fact in excellent agreement with the experimental
results. It can therefore be concluded that as far as the results in Fig. 2-4 is concerned, the stress
effect on the lattice change must be considered more significant than that on the shape deformation.

For polycrystalline specimens in Fig. 2-4(c), an average or smeared-out stress effect on
many crystal grains with various orientations appears. This means that the difference in the stress
effect between tensile and compressive deformations appears statistically as the effect on the volume
change component alone. Since the y—>o transformation in the present iron particles accompanies
the volume expansion of about 3.7%, tensile deformation should induce more martensites than
. compressive deformation. This is exactly what we have seen in Fig. 2-4(c).

From the above discussion, it becomes clear now that in order to consistently explain both
the preferentially formed martensite variants and the fraction of transformed particles as a function
of plastic strain, the stress effect on the lattice change (the Bain deformation) must be considered to

be predominant. From a series of studies on ferrous alloy single crystals to investigate stress-induced
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martensitic transformations [8-12], it has been found that although the shape of martensites (lath-like,
needle-like, spherical, "plate-like) vary significantly with the alloy systems, preferentially formed KS
variants are the same if stress is applied along the same direction on the parent f.c.c. phase. This
fact cannot be explained if the stress effect on the shape deformation is considered to be essential.
On the contrary, since the f.c.c. to b.c.c. lattice deformation, i.e., the Bain deformation, is common
regardless of the shape of the martensites, the above experimental results can be understood
reasonably through the stress effect on the lattice change.

As mentioned before, the {111}(211); double-shear mechanism was proposed by Bogers
and Burgers [7] to explain the experimental results on the preferential formation of stress-induced
martensite variants in Fe-Ni alloy single crystals. Olsen and Jesser [22] examined the crystallography
of the y—o martensitic transformation in iron thin films deposited on copper or nickel substrates.
They concluded that the interaction between misfit stresses and the lattice change determined the
iron film epitaxy on the f.c.c. substrates. Moreover, Miyaji et al. [23, 24] investigated the texture
caused by the preferential formation of martensite variants by rolling of Fe-Ni alloy polycrystals.
They also concluded that the stress effect on the lattice change was critical. Therefore, although the .
stress effect on the total shape deformation still appears to be more widely accepted, some investigators
have supported the idea of the stress effect on the lattice change.

For martensitic transformations in buik crystals, transforming regions are constrained by
the surrounding parent phase. When a martensite crystal is formed in a parent phase, its lattice
deformation (the Bain deformation) is certainly too large to be accommodated elastically. Therefore,
additional plastic accommodqtion (by slip or twinning, lattice invariant deformation) occurs in a
martensite to reduce as much as possible the amount of total shape deformation. The twinned
microstructure in the present o-iron particles is considered to be formed as a result of the above
plastic accommodation. When an applied stress helps the formation of ia certain martensite variant
(say, the variant KS 1-6) by assisting its lattice deformation, the lattice invariant deformation should
occur so as to cancel the shape change caused by the formation of the above favorable variant. Asa
result, the transformatioﬁ strains of the twinned variant (say, KS 1-3) are often those which are
agéinst the sense of the applied stress. Therefore, physics involved in the stress effect on the shape
. deformation is rather ambiguous since the overall shape deformation due to the formation of not
only favorable (KS 1-6) but also unfavorable (KS 1-3) variants is considered.

On the contrary, the stress effect on the lattice change can be understood naturally such that
the formation of a favorable variant (KS 1-6) is strongly promoted by the applied stress and its

winned variant (KS 1-3) is formed as a result of the plastic accommodation.
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2.5. Summary and conclusions

The stress-induced y—o. martensitic transformation in small iron particles in a single-crystal

copper matrix was investigated and the following results and conclusions were obtained.

(1) Depending on the direction ([001], or [419];) and sense (tension or compression) of the applied
stress, specific Kurdjumov-Sachs martensite variants out of crystallographically equivalent

ones were formed preferentially.

(2) The fraction of transformed particles was examined as a function of plastic strain for specimens
deformed at room temperature. When comparison is made at the same amount of plastic shear
strain, compressive deformation was found to induce more martensites than tensile deformation
for specimens deformed along [001];. On the other hand, for specimens deformed along
[419];, no significant difference was found between tesile and compressive deformations.
When polycrystalline specimens were used for this experiment, tensile deformation induced

more martensites than compressive deformation.

(3) The above experimetal results can be explained reasonably and consistently if the applied stress
is considered to play an important role in the y—>a lattice change (the Bain deformation) in the

carly stage of the martensitic transformation.
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Chapter 3.
Growth of a-Iron Particles in a Copper Matrix

3.1. Introduction

As mentioned in Chapter 1, when a solution-treated Cu-Fe alloy is aged, coherent y-iron(f.c.c.)
particles are formed in a copper matrix. Matsuura, Kitamura and Watanabe [1] have examined the
growth and coarsening of y-iron particles and estimated the y-Fe/Cu interfacial energy using the
Lifshitz-Slyozov-Wagner (LLSW) [2, 3] theory of Ostwald ripening. On the other hand, Speich and
Oriani [4] have examined the growth and coarsening of copper particles in an a-iron matrix and
indirectly estimated the a-Fe/Cu interfacial energy. However, the growth and coarsening of incoherent
a-iron particles in copper has not been examined. Consequently; the a-Fe/Cu interfacial energy has
not been obtained directly by an experiment. Furthermore, the morphology of the a-iron particles
after long annealing has not been examined in detail. In this study, the growth and coarsening of
the a-iron particles in copper will be investigated and the a-Fe/Cu interfacial energy will be
evaluated using the LSW theory.

Previous studies adopted alloy systems where a single type of precipitates exists. Thus, a
single value of the interfacial energy could be assumed between a matrix and precipitates. Similarly,
the shape of precipitates was uniform. Thus, the growth rate was constant and the normalized
particle size distribution was independent of aging time as predicted by the LSW and modified
LSW [5-10] theories. In a Cu-Fe alloy, a suitable combination of heat treatment and straining
results in the coexistence of two types of particles; y- and a-iron particles. In addition to the
growth among the same type of particles, the solute transfer between the y- and a-iron particles
occurs. It is expected that this mixed-mode growth leads to a size distribution different from the

‘usual one. The present study also examines this mixed-mode growth. It will be shown how
particle growth and coarsening can be explained when two types of precipitates with different
interfacial energies coexist.

~ In order to use the LSW theory to analyze the experimental results, it is necessary to clearly
understand the physics and impliéations of the theory. Historically speaking, the diffusional
growth and diminution of precipitated particles in a solid matrix, generally known as Ostwald
ripening, was first considered by Greenwood [11]. Subsequently, LSW [2, 3] analyzed the problem
more rigorously. It is now established that when there is a distribution in particle sizes, particles

larger than the average size grow and the remainder shrink and eventually dissolve. The rate of
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particle growth depends on the dimension of diffusion. If diffusion is three dimensional (3D), it is
well known that the cube of the average particle radius increases linearly with time. On the other
hand, for 2D diffusion, as in the case of the growth of grain boundary particles controlled by
boundary diffusion, Speight has shown that the fourth power of the average particle radius varies
linearly with time [12].

To derive these rate equations, the following Gibbs-Thomson-Freundlich equation has

commonly been adopted as a starting point
C = Cexp(2I'Q?/ rkT) (3-1)

where C, is the concentration (number of atoms per unit volume) of solute atoms immediately
adjacent to a spherical particle of radius r, C is the solute concentration in equilibrium with an
infinitely large particle, I is the interfacial free energy per unit area of the particle/matrix interface,
is the atomic volume of a solute atom and kT has its usual meaning. From Eq. (3-1), it is found that
the solute concentration near a large particle is smaller than that near a small particle. Therefore, in
accordance with Fick's first law, solute atoms flow from the small particle to the large particle. Asa
result, large particles grow and small particles dissolve.

Although the Gibbs-Thomson-Freundlich equation is thermodynamically sound, it may not
necessarily be easy to draw an intuitively understandable image of what is physically going on
- during the particle growth process. The driving force of the Ostwald ripening is, of course, the
reduction of total surface free energy (and, therefore, the total surface area) of the particles. Then, it
should be much easier to understand the physics involved in the growth process if the reduction in
the total surface area is expﬁcitly expressed in the analysis of deriving rate equations. Therefore, as
a theoretical phase of the present study, a new derivation method which is not only simpler but also

much easier to grasp the physical meaning of the Ostwald ripening processes will first be proposed.
3.2. Derivation of fundametal rate equations for Ostwald ripening

Let us consider the usual 3D problem. Suppose spherical particles of average radius 7 and
average inter-particle separation L existin a solid matrix. Interfacial diffusion around the periphery
of the particles are assumed to be much easier than volume diffusion so that the particles always
femain spherical in shape. The average number of particles at distance about L from a particular

particle is denoted as N. If particles are arranged in the matrix in an ideally close-packed fashion, N
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becomes 12.

We will pay our attention to a particular particle of radius 7 which is slightly larger than the
average radius 7, as shown in Fig. 3-1. Recalling the self-consistent method which is often adopted
in statistical physics, we can reasonably assume that there are N nearest-nei ghbor particles of radius
7 at equal distance L from the center particle. Since each of the N nearest-neighbor particles should
also have N surrounding particles in itself, one-Nth of the total flow of atoms from each of these N
particles contributes to the growth of the center particle. Therefore, from the conservation of the

total volume V;; of the contributing particles, we have
dV, = dar *dr + (UN)xNx4xF 2dF =0
or
ridr+73r=0. (3-2)

The change in the surface free energy dF of the particles when the center particle grow by

dr (> 0) and the surrounding particles by d7 (< 0) is written as

dF =8al (rdr + FdF) = 8n1‘r2dr( 1. -f- ) . (3-3)
r r '

Here, to obtain the last expression, Eq.(3-2) was used. If the above change is brought about by the

flow of dn solute atoms from the surrounding N particles to the center particle,
4qr *dr = Qdn G-4
must be satisfied. From Egs.(3-3) and (3-4), we obtain

dF = 21"an( - - :). (3-5)

The diffusional flow of solute atoms shown by the arrows in Fig, 3-1 is regarded as a 3D
radial flow. At the steady state, let v(x) be the average velocity of solute atoms at distance x (0 < x <
L) from the center particle. The total volume of solute atoms £ moving through an imaginary

Spherical wall of radius 7 + x (Fig. 3-1) during a time interval dt is expressed as
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Fig. 3-1. Growth of a particle of radius r by the diffusional flow of solute atoms from
the surrounding particles of radius 7.
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Qdn = 4n(r + x)> CV(x)dt (3-6)
where the concentration of solute atoms is approximated as the equilibrium one and the factor CQ2

is the volume fraction of solute atoms in the matrix. Since there is no sink or source of the atom

flow other than the particle surfaces, £2dn should not depend on x. Therefore, we have
4n(r + x)* Cv(x) = constant.

From this, we find that v(x) must have the following form:
v(X) = Al (r+x)?, (A: a constant) . G-7

From Einstein's equation, the average force f(x) acting on a flowing solute atom can be

defined as
f(x) =kTv(x) I D, (3-8)

where D, is the bulk diffusion coefficient of solute atoms. On the other hand, f(x) is also defined

as the gradient of the chemical potential u (= dF/dn):
f(x) =—dp/ dx=-d*F/ dndx. (3-9)

From Egs. (3-7) to (3-9), we have

AkTdn  dx

d’F = :
D, (r+ %)’

(3-10)

Intergating Eq. (3-10) from x =0 to x =L, and assuming for simplicity that L is much larger than r,

we obtain

(3-11)

Since Egs. (3-5) and (3-11) must be the same,
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A___z_&_r_szr_(;_z) (3-12)
r

is obtained. Substitution of Eq. (3-12) into Eq. (3-7) yields

v( x)

(3-13)

2D,FQr (1 1
o K(r+x)'\F r )’

From Eq. (3-6), the atom flow at the surface (x = 0) of the center particle should satisfy
Qdn = 4ar > CQV(0)dt . (3-14)

Combining Egs. (3-13) and (3-14), we have

(3-15)

dn 8axD,I" QCr | 1 1
dt kT )

Therefore, we finally obtain the rate equation of the particle growth from Eqgs. (3-4) and (3-15):

(3-16)

dr dr dn 2D, TC( 1 1
dr dn dt kT )

It is delightful to know that this equation is identical to that derived by LSW [2, 3], as Voorhees and
Schaefer [13] have shown.

The same analysis can be repeated to treat the case of a 2D problem. Although details will
not be shown, from the consideration of a 2D radial flow as mentioned in Ref. [14], the growth rate

of grain-boundary particles controlled by 2D grain-boundary diffusion can be obtained as

DW re*c
9;';__._"________(_1___1_) (3-17)

d  kTW(L/r)\r’F P

where D, is the grain-boundary diffusion coefficient of solute atoms and W is the boundary
thickness. Aside from numerical factors, Eq.(3-17) is again the same as that derived by Speight
[12] using the Gibbs-Thomson-Freundlich equation. It can be shown [2, 3, 12] that the integration
of Egs. (3-16) and (3-17) results in the relationships 7 * « tand 7 * o ¢, respectively. Now that the
fundamental rate equations have been derived and the physics involved in the theories of the

Ostwald ripening has become very clear, the resultant rate equations will be used to analyze the
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results of the experimental phase of the present study.
3.3. Experimental

Single crystals of a Cu-1.06mass%Fe alloy were grown by the Bridgman method with a
seed. Tensile specimens, 3x3x40 mm®, with the [419], stress axis were cut from the single
' crystals. These specimens were solution treated at 1273K in a vacuum for 4h, quenched into water,
" and aged at 973K for 1 day. After these treatments, y-iron particles with the average radius of 29
nm were obtained.

The specimens were strained at 77K by either 5 or 20 % to induce the y—>o martensitic
transformation in the iron particles. The 5 % straining caused the transformation in approximately
10 % of the iron particles, while the 20% straining led to the transformation in all the particles. The
strained specimens were annealed at 973K between 30 min and 4 d and sliced parallel to the
primary slip plane, (TIT)C“, to form disks. Thin foils were prepared from the disks by the jet
'p'olishing technique using a nitric acid solution. The y-iron and a-iron particles were observed on

‘an electron microscope, Hitachi H-700, equipped with a 60° tilt goniometer, under an accelerating

voltage of 200 kV.
3.4. Results and Discussion

3.4.1. Growth of a-iron particles

Figure 3-2 shows the growth of the a-iron particles during annealing at 973K after 20%
straining. One can see in Fig. 3-2 that most of the a-iron particles elongate along [110], as the
particles become larger. Only a few particles grow along other (110),, directions. The diffraction
analysis showed that the a-iron particles which are elongated along [110], satisfied nearly the KS

orientation relationship,

(111), /1 (110)g, , [TT10],// [T1T ],
and (111)q,// (110)g, , [110],// [111]g,

to the copper matrix. These are the variants 1-3 and 1-6, respectively, in Chapter 2. The mean
aspect ratio of the major to the minor axis, a/b, of the a-iron particles is plotted against annealing

time in Fig, 3-3.
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Fig. 3-2. Transmission electron micrographs of «-iron particles in a Cu-Fe alloy

annealed at 973K for (a) 2h, (b) 8h, (¢) 1d and (d) 2d. Before the annealing

treatments, the specimens were aged at 973K for 1d and deformed by 20% in tension.

The foil surface is parallel to the (T17) primary slip plane of the copper matrix. Note
that the a-iron particles elongate along [110] by annealing.
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Fig. 3-3. Change in the mean aspect ratio of the a-iron particles in a 20% deformed

specimen with annealing time.
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The mean aspect ratio increases rapidly at the early stage of annealing and then slowly at the
Jater stage. For simplicity, the shape of the y-iron particles is assumed to be spheroidal described in
the x-y-z coordinates by x*/a* + (y* + z2*) / b* < 1. Further, the assumed spheroid is reduced to a
sphere which has the same volume as the spheroid. The average volume of the particles is plotted
against annealing time f in Fig. 3-4. Here, in order to conform to the usual plot, the ordinate is
taken as 7 >~ 7,%. F is the average radius of the reduced sphere and F, is that at the beginning of
annealing. For comparison, the data of y-iron particles obtained from unstrained specimens are also
shown in Fig. 3-4. Similar to the study by Matsuura et al. [1], a good linearity between (7> - 7,;)
and ¢ is observed for the y-iron particles, in agreement with the LSW theory. On the other hand,
the strict linearity is absent in the growth of the a-iron particles. However, in the later stage of
annealing, a good linearity is satisfied.

In order to obtain a rough value of the interfacial energy between a-iron and copper, the (7 °
~ 7,)) - t curve of the o-iron particles was approximated by a straight line with the least-square
method, as indicated by the dotted line.

The standard equations of the LSW theory of the Ostwald ripening has been obtained by

the integration of Eq. (3-16) considering the statistical distribution of the particle size as [2, 3]
FPoF =K(-1,), | (3-18)
where
K=8ID,CV_*|9RT. (3-19)

Here, &2 /kT in Eq. (3-16) is rewritten as V,,*/RT with V,, the molar volume of iron and R the gas
constant. The values of some of these parameters are given in Table 3-1. From the slope of the
straight lines in Fig. 3-4, K and thus I" can be obtained. The straight line for the y-iron particles in |
Fig. 3-4 results in 0.22J/m* as the y-Fe/Cu interfacial energy I, This is in exact agreement with
the result obtained by Matsuura et al. [1]. The approximately drawn straight line for the a-iron
Particles in Fig. 3-4 gives 3.3J/m? as the a-Fe/Cu interfacial energy I'.. It is about fifteen (15)
times as large as I » Since the a-Fe/Cu interface is incoherent, the larger value of I', is reasonably
accepted.

In the analysis of the growth of copper precipitates in a-iron, Speich and Oriani assumed

0.5J/m? as I, using some reported values of the surface and grain boundary energies of copper.

36



12

-3 /10° nm®

2?33

Annealing Time / h

Fig. 3-4. Growth curves of the o-iron particles in a 20% deformed specimen and of
the y-iron particles in a nondeformed specimen. The straight lines were obtained
by the least-square method.
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Table 3-1. Numerical values used for the estimation of the interfacial energies
between copper and iron particles.

Interface T D, % 10° C Kx107® r
(K) (m’/s)  (mol/m®) (m®/s) J/m?*)

y -Fe/Cu 973 "3.68 800 3.55 0.22
o-Fe/Cu 973 "3.68 480 32.3 3.3

‘161, 717}, "[18]
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They found that the observed growth rate of the copper particles was much larger, approximately by
a factor of eight (8), than that predicted by Egs. (3-18) and (3-19) with I',=0.5]/m*. If the present
value of I',=3.3]/m* were used, better agreement would have been obtained between the theory and
the experiment.

Of course, the above determined T, is an average quantity. Since the crystal structure of
a-iron differs from that of copper, the specific interfacial energy must depend on the orientation of
the interface surrounding an o-iron particle, i.e., anisotropy in the interfacial energy. The elongated
shape along [110] ., of the a-iron particles after prolonged annealing shows the existence of the
anisotropy. That is, a particle takes a shape with which the total interfacial energy becomes smaller
than that achieved when it would take a spherical shape with the identical volume. Then, the driving
force for the growth, the decrease in the total interfacial energy, becomes smaller as the particles
become larger. This qualitatively explains the convex shape of the (F* - 7,>) vs t curve for the
o-iron particles in Fig. 3-4. The observed rapid growth rate with the rate constant K = 9.80x10?
m’/s in the early stage of the annealing can also be explained. The copper matrix can dissolve less
iron atoms when it coexists with a-iron particles than with y-iron particles [17, 18]. Therefore,
during the early stage of the annealing after the y—>o. martensitic transformation in the particles,
supersaturated iron atoms in the copper matrix tend to be captured by the ai-iron particles. This
would enhance the growth of the o-iron particles. Considering the fact that the solute concentration
at the a-Fe/Cu interface is not in equlibrium at the ealier stage of the annealing, it may be better to
estimate the interfacial energy using only the data obtained in the later stage of “the annealing. The
value of I' = 3.0J/m” is obtained from the data for annealing longer than 8h.

The above observations suggest that the self-similarity predicted by the LSW theory is not
obeyed in the o-Fe/Cu system. Figure 3-5 shows the change in the size distribution of the a-iron
particles with annealing. The distribution becomes broader as the annealing proceeds, that is, the
self-similarity is not strictly satisfied. This point is more clearly shown, using the standard deviation
of the size distribution, in Fig. 3-6. This result mi ght appear to contradict the observation that the
growth rate of the a-iron particles decreases after longer annealing. |

The growth rate constant X is also given by [9]
K = Alim{Po(p) / p*}, (3-20)
p-‘?OO

Where A is a constant, p the normalized particle radius (# / 7) and Pp) is the scaled size distribution

function. The LSW theory can be applied very well when Py (p) is time independent. On the
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Fig. 3-6. Change in the standard deviation of the size distribution shown in Fig. 3-5
with annealing time.
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contrary, Figure 3-6 shows that the time independence of P, (p) does not hold. The result in Fig.
3-6 can be understood by examining the change in the aspect ratio of the a-iron particles with
annealing. Figure 3-7 shows the relation between the aspect ratio and the normalized particle
radius. As seen in Fig. 3-7(a), the aspect ratio is confined in the narrow range irrespective of the
normalized size during shorter annealing time. After longer annealing, however, the aspect ratio for
the particles larger than the average size becomes larger, accompanying a large scatter, Fig. 3-7(b).
From these results we can see the reason for the broadening of the particle size distribution by long
time annealing. Some larger particles grow preferentially and increase their aspect ratios.

The essential cause for this behavior is the existence of the anisotropy of the specific
interfacial energy. On the other hand, the growth rate of the particles with the average size
decreases with annealing. Thus, in an overall aspect, the growth of the a-iron particles shows a

tendency different from that predicted by the LSW theory.

3.4.2. Mixed-mode growth of a- and y-iron particles

The mixed-mode growth was examined using specimens strained by 5%. Figure 3-8 shows
the a- and y-iron particles observed on annealing after the straining. Similar to the case where only
the a-iron particles are present, the a-iron particles grow with annealing. On the contrary, the
y-iron particles dissolve back into the solution. They completely disappear after 1 day annealing, as
seen in Fig. 3-8(d). This is quantitatively shown in Fig. 3-9 where the fraction of the o-iron
particles to the whole particles is shown against annealing time. |

The size distribution of the a- and y-iron particles is also shown in Fig. 3-10. It can be
seen that the growth of the oi-iron particles which are primarily larger than the average-sized
particles and constitute 10% of all the particles was compensated for by the dissolution of some of
the y-iron particles. The particle size distribution changes with annealing,

The average radius of the combined o- and y-iron particles is plotted against annealing time
in Fig. 3-11, in a similar manner to Fig. 3-4. Here, o- and y-iron particles were not discriminated.
The (F* —7,%) vstrelation is not linear. Thus, the LSW theory cannot be used in its original form.

 The growth rates of the a- and y-iron particles were examined separately. The average
radius of the o-iron particles and that of the y-iron particles are shown against the annealing time in
Fig. 3-12. Using the early-stage annealing data in Fig. 3-12, an attempt was made to evaluate the
initial growth rate of y-iron particles in the specimen for the mixed-mode growth. Surprisingly, the
fate constant became K,* = 6.38x10° m?*s, which is much larger than K, = 0.36x10% m®/s

Obtained from the straight line for y-iron particles in Fig. 3-4 and naturally smaller than K°
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43



Fig. 3-8. Transmission electron micrographs of a- and y-iron particles with coffee-bean

like contrasts in a Cu-Fe alloy annealed at 973K for (a) 30min, (b) 4h, (c) 14h and

(d) 4d. Before the annealing, the specimens were aged at 973K for 1d and deformed
by 5% in tension. The foil surface is parallel to (TIT).
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obtained from the early-stage annealing data for o-iron particles in Fig. 3-4. This means that the
initial growth of the y-iron particles is significantly enhanced by the presence of the a-iron particles.

As mentioned earlier, the solubility of iron atoms in the copper matrix containing a-iron
particles is smaller than that in the matrix containing y-iron particles [17, 18]. Therefore, in the
initial stage of annealing of a specimen with both y- and a-iron particles, a thermodynamic driving
force exists for the dissolved iron atoms in the copper matrix to migrate towards o-iron particles.
During the course of their migration, however, some iron atoms may be captured by nearby y-iron
particles since the majority of particles are initially y-iron. In other words, in addition to the iron
atoms in smaller y-iron particles, the dissolved iron atoms in the copper matrix can contribute to the
growth of larger y-iron particles. This would result in the observed larger growth rate of y-iron
particles in the mixed mode than in the single mode. When the growth is assumed to occur by bulk
diffusion, Eq. (3-16) is applicable. In other words, when Eq. (3-16) is applied for r < 1.57[2, 3],
the larger the interfacial energy and the radius, the larger becomes the growth rate. The change in
the size distribution of the o- and y-iron particles (Fig. 3-10) and the result shown in Fig. 3-12 can
be understood qualitatively using Eq. (3-16).

In the early stage of annealing, the average radius 7, of the y-iron particles increases with
annealing. This is because a sufficient number of the y-iron particles, larger than their average size
Tty €Xist as shown in Fig. 3-10(2) and (b). The average radius 7, of the a-iron particles, of course,
increases since all of the a-iron particles are larger than T, In this stage, the overall growth,
shown in Fig. 3-11, is governed by the growth of the y-iron particles which constitute the majority
of the existing particles. However, the growth rate of the a-iron particles is larger than that of the -
y-iron particles even during this stage; I', > I and 7, > Toty - Thus, as the annealing proceeds, most
of the y-iron particles become smaller than 7, + While all the o-iron particles grow. Eventually, clear
splitting of the particle size distribution is observed as shown in Fig. 3-10(c), (d) and (e). That is,
the number fraction of the o-iron particles becomes larger than that of the y-iron particles after 10h
annealing. The standard deviation of the particle size distribution reaches the maximum value at this
stage as shown in Fig. 3-13. After this stage, the overall growth as well as the particle size
distribution is governed by the growth of the a-iron particles. In and after this stage, those a-iron
Particles which are smaller than 7, ., exist and decrease their size. Thus, the average growth rate of
the a-iron particles becomes smaller.

The single mode of the o-iron particle growth occurs when the y-iron particles completely
dissolve. After this stage, the growth and coarsening proceed in a manner similar to the case shown

in the previous section. This is confirmed by the agreement of the later-stage growth rate constants;
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K, =3.43x10"" m?/s in the mixed mode after annealing for 1d (Fig. 3-11) and K, = 3.23 107
/s in the single mode after annealing for 2h (Fig. 3-4). The mean aspect ratio of the a-iron
particles and its scatter are shown in Figs. 3-14 and 3-15, respectively. They are similar to Figs. .
3.3 and 3-7 obtained in the single-mode growth. The difference in the absolute values of the mean
aspect ratio in the late stages of annealing, as shown in Fig. 3-3 and Fig. 3-14, reflects the
difference in the initial fraction and the size of the o-iron particles. That is, all the a-iron particles
satisfy 7, > 7., and they preferentially grow and elongate in the mixed mode of the growth.

The fact that all the a-iron particles grow in the beginning of the mixed-mode growth is
because only larger y-iron particles undergo the martensitic transformation by straining. If some
particles, smaller than the average size, could be transformed by some means, they would become
smaller and dissolve even in the early stage of annealing. The critical size, which determines the
growth or shrinkage, is the average radius, see Eq. (3-16). In addition, the growth or shrinkage rate
for the mixed-mode growth is controlled not only by interfacial free energy but also by the
difference in chemical free energies between y- and a-iron. Thus, a straighiforward application of
the LSW theory of Ostwald ripening is not possible for the overall discussion of the mixed-mode

growth.
3.5. Sumimary and conclusions

As the theoretical phase of the present study, fundamental rate equétions for Ostwald
ripening were derived without using the Gibbs-Thomson-Freundlich equation as a starting point.
Rather, the change (decrease) in the interfacial free energy is evaluated directIy. This method
enables us to image the physics involved very easily.

As the experimental phase, the growth of the a-iron particles in the copper matrix has been
examined. The growth rate of the o-iron particles was not strictly constant with annealing because
of the change in the shape of the a-iron particles and in the interfacial energy per unit area.
Nevertheless, an approximate and average value of the a-Fe/Cu interfacial energy was obtained
frorh the growth curve; 3.3)/m® The growth process was also studied when a- and y-iron particles
coexisted. Although y-iron particles grew in the early stage of annealing, they eventualy shrunk and
disappeared. The a-iron particles, on the other hand, grew during the entire stages of annealing.
Naturally, the mixed-mode growth did not obey the usual Ostwald ripening theory. The particle
size distribution also differed from that predicted by the theory. To understand the mixed-mode

growth behavior, not only the average particle sizes and interfacial free energies but also the
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difference in chemical free energies between y- and a-iron has to be taken into account.
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Chapter 4.
Magnetic Anisotropy Caused by the Formation of Stress-Induced Martensite

in Small Iron Particles in a Copper Matrix
4.1. Introduction

As described in Chapter 2, applied stress helps (prohibits) the formation of specific martensite
variants out of crystallographicaily equivalent ones. From detailed studies of the crystallography of
stress-induced y(f.c.c.)—>a(b.c.c.) martensitic transformation in ferrous alloy single crystals, it has
been found that preferentially-formed martensite variants are sensitive to the direction and sense
(tension or compression) of the uniaxial applied stress [1-5]. To exan‘line the crystallography of
the preferentially-formed variants, X-ray diffraction aﬁd electron microscopy techniques have been
adopted most commonly.

The purpose of the present study is to apply a new technique, magnetic anisotropy measurement,
to investigate the preferentially-formed martensite variants. There are some advantages in this
technique: the measurement can be performed easily and information from bulk specimens can be
obtained very quickly. For this technique to be applicable it is essential that an alloy system should
have a non-magnetic (paramagnetic) parent phase and magnetically anisotropic ferromagnetic
martensites. |

The Cu-Fe system is best suited for the above purpose. As mentioned in Chapter 2, the
nearly spherical a-iron martensite particles are ferromagnetic and have cubic magnetic anisotropy.
They exhibit internally-twinned layered structure and both of the twin-related variants are known to
obey the Kurdjumov-Sachs (KS) orientation relationship to the copper matrix [4, 6, 7]. Since the
y-iron and the copper matrix are paramagnetic at room temperature, detectable spontaneous
magnetization, if any, arises essentially from the transformed o-iron particles.

It has been found in the previous study [6, 8] as well as in Chapter 3 that annealing of the
Cu-Fe alloy with transformed o-iron particles causes the spherical to ellipsoidal shape change of
the particles [6, 8]. Associated with this change, the number of twin layers in the a-Fe particles
gradually decreases to eventually become KS-oriented single-crystalline particles consisting of one
of the originally-twinned KS variants. It should be pointed out here that the present magnetic
anisotropy measurment technique can also detect such a morphological change in the a-iron
Particles. This is because the shape of ferromagnetic materials is responsible for another type of

Magnetic anisotropy known as the shape magnetic anisotropy [9]. Therefore, using the magnetic
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anisotropy measurement technique, we can simultaneously obtain the crystallographic and

morphological information on the existing martensite variants in bulk specimens.
4.2. Experimental

4.2.1. Specimen preparation

Single crystal of a Cu-1.53mass%Fe alloy were grown by the Bridgman method. Specimens
for tensile (9x9xS0mm) and compressive (9x9x20mm) tests were cut from the single crystals so as
to make the [419]; direction parallel to the stress axis. This asymmetric stress axis was chosen in
the light of the study described in Chapter 2 that only a few stress-induced martensite variants were
preferentially formed out of 24 crystallographically equivalent KS variants.

After solution treatment at 1273K for 4h, these specimens were aged at 973K for 1d. The
aging treatment caused the precipitation of spherical y-iron particles in the copper matrix. The
average diameter and volume fraction of the particles (estimated from the Cu-Fe phase diagram) are
75nm and 1.40vol%, respectively. To induce the y—a martensitic transformation in the iron
particles, the specimens were deformed in tension or in compression by more than 10% at 77K. It
is known from previous studies [6, 10] that this deformation condition induces the martensitic
transformation iﬁ practically all (over 90%) the particles. Therefore, we can reasonably assume
without introducing significant errors that the volume fraction of transformed va-iron particles is
1.40%. Although this may be a slight overestimation, it will not change the discussion and
conclusions of this study.

After the deformation, disk specimens (about 6 mm diameter and 1.5 mm thickness) for the
magnetic anisotropy measurement were cut parallel to the (111), plane. To introduce the
morphological change in the transformed a-iron particles, the disk specimens were annealed at

973K for various lengths of time and the magnetic anisotropy was measured.

4.2.2. Magnetic anisotropy measurement

~ The magnetic anisotropy of Cu-Fe specimens containing o-iron particles was examined by
Measuring magnetic torque using a Naruse TM-II torque meter [11]. Figure 4-1 is a schematic
drawing of the torque meter and the set-up of a single crystal specimen. By applying a magnetic
field of 1.25MA/m, the a-iron particles in the specimen are magnetized to saturation along the
direction of the magnetic field. The applied magnetic field is rotated by 360° around the (111),

Plane of the specimen with the [TOI]f direction as the starting direction. Figure 4-2 shows the
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Fig. 4-2. (T17), stereographic projection showing the [419], axis for tension (T.A.)
and compression (C.A.) and the orientation of disk specimens for the magnetic
anisotropy measurement.
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(’fl'i')f stereographic projection indicating the orientation of the disk specimens for the magnetic
~ anisotropy measurement. The magnetic anisotropy in the present specimens arises from two
origins; (i) crystal anisotropy and (ii) shape anisotropy. The orientation-dependent part of the
crystal magnetic anisotropy energy E per unit volume of a-iron with three {100), directions of

easy magnetization can be written as [9]
E. = K(a/a] + aja] + ala]) + Kol ofol (4-1)

where [a, &, o,];is the normalized magnetization direction and K, (= 4.72x10* J/m? for iron
[12]) and K, (= -7.5x10* J/m’ ) are the magnetic anisotropy constants of iron.

The shape magnetic anisotropy, on the other hand, depends on the shape of ferromagnetic
domains. In this study, the elongated shape of a-iron particles caused by annealing is approximated
as spheroids. If the z-axis in the x-y-z coordinate system is taken parallel to the longer axis, the

orientation-dependent part of the magnetostatic energy E; per unit volume can be written as [13]

1

Ey = —I}(3N, —1) cos’¢p (4-2)
4,

where p, is the magnetic permeability of vacuum, I the saturation magnetization and ¢ the angle

between the magnetization direction and the z-axis. By defining the aspect ratio k (= 1) as the

length of the longer axis divided by the shorter axis (cross-sectional diameter of the x-y circle), the

demagnetizing factor N, can be expressed as [13]

1 k 12
N, = (kz_l)mln{k+(k2—1) }-1 (43)

When the applied magnetic field is rotated, two kinds of resolved torque components on the
(111 )¢ plane, L, and L are generated:

L.=-(3EJ/06) | (4-4)
and
L, =—(E,/36) (4-5)
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where 0 is the rotation angle between the starting direction [-1'.01]f and the direction of the applied
magnetic field. From Egs. (4-1) to (4-5), theoretical torque curves as a sum of L. and Lg can be
calculated for given KS variants and the aspect ratio of the a-iron particles. Experimentally

obtained torque curves can then be compared with the theoretical ones.
4.3. Results

Figure 4-3 shows the torque curves of a specimen deformed by 14% in tension at 77K.
The annealing time at 973K after the deformation is indicated in each figure. The ordinate in the
figure is normalized as a torque value per unit volume of o-iron by assuming that the volume
fraction of o-iron is 1.40%. The abscissa is the rotation angle 8 on the ( Tl-l_)f plane with 8=0°
corresponding to [101],. Energetically stable zero-torque points are those where the torque values
change from positive (o negative as 8 increases. The fact that all the curves have a 180° periodis a
natural result of the magnetic anisotropy.

It can be seen from Fig. 4-3(a) that the curve for the as-deformed (O min annecaled)
specimen is rather complicated. However, as annealing time increases, the curves become simpler
and sinusoidal-like. Moreover, the amplitude of the curves increases as annealing time increases.

A set of torque curves for a specimen deformed by 12% in compression at 77K are shown
in Fig. 4-4. Comparison with Fig. 4-3 reveals that although the development of the shape and
amplitude of the curves by annealing is similar, the phases (the phase angles) of the curves are
different. In other words, the curves in Fi g. 4-3 have maxima near 6= 0° and 180° whereas the
curves in Fig. 4-4 have maxima near 8= 120° and 300°.

In order to examine the morphological changes of the a-iron particles by annealing,
transmission electron’microscopy (TEM) observation was performed. Figure 4-5 shows the bright-
field micrographs of specimens from which data in Fig.4-4 were taken. It can be seen that initially
spherical a-iron particles become elongated and larger as annealing time increases. It should also
be noticed that all the particles in sight have elongated along the same [10 T]f direction. This is due
fo thé fact that the [419]; external stress induces the preferential formation of certain KS variants
out of 24 crystallographically equivalent ones, as mentioned previously. In the next section, the

observed torque curves are analyzed in the light of the TEM observation and theoretical expectation.

4.4, Discussion
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Fig. 4-5. TEM micrographs of specimens from which the torque curves in Fig.
were obtained.
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For the following analysis, the notation of the 24 KS variants already listed in Table 2-1 in
Chapter 2 will be used. Itis known that the as-transformed o-iron particles are internally twinned
and the two mutually-twinned KS variants (for example, variants 1-1 and 1-4) exist approximately
in equal amounts [4]. It is also known that although annealing causes the disappearance of the
twinned structure, the resultant single-crystalline particles belong to either one of the two twin-related
varianis with equal probabilities [6, 14]. Therefore, we can reasonably assume that the twin-related
pairs of the KS variants exist in equal amounts in all the specimens. According to Fig. 4-5 as well
as the previous TEM study [14], the a-iron particles by annealing are found to elongate approximately
along (110), -type directions which describe the parallel relationship of respective KS variants. For
example, as known from Table 2-1, particles belonging to the (1-1, 1-4) pair elongate along {10 T]f
and particles belonging to the (1-3, 1-6) pair elongate along [110],. With the above experimental
tacts in mind, let us analyze the observed torque curves.

Figure 4-6(a) shows the theoretical torque curve L (Eq. (4-4)) caused by the appearance of
the (1-1, 1-4) o-iron particies and Fig. 4-6(b) shows the theoretical torque curve Ly (Eq. (4-5)) of
the same particles with the aspect ratio k = 1.06 and the elongation direction of [10 -f]f, The sum of
these two curves (Fig. 4-6(c)) expresses the resultant overall theoretical curve. Although the L,
curve vanishes for spherical particles (k= 1), it can be seen from Fig. 4-5 that L, becomes more
dominant than L even for k = 1.06 which is only slightly larger than unity.

For the analysis of experimental torque curves, let us decompose the theoretical curves in
Fig. 4-6 into Fourier components. If f(6) is a function of the angle 6 (0 < 6 < 2m), the Fourier

decomposition of A(8) becomes

f(6)=(4,/2) +§{A" cos(n6) + B, sm(n@)} (4-6)

n=1

where A, A, and B, are the Fourier coeffficients and they can be calculated as
1 .=
A = mf f(8) cos(nB) dO 47
JEd O
1 .2n
B =~ f f(8) sin(n8) d6 (4-8)
gt O
The calculated Fourier coefficients of the curves I and I are listed in Table 4-1. Equation (4-1)

predicts that the L curve consists of sinusoidal waves with periods 180° (n = 2), 90° (n = 4) and

60° (n = 6). However, since K, is much smaller than K, , the Fourier coefficients A,and B, can be
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Table 4-1. The calculated Fourier coefficients for the torque curves in Fig. 4-6(a) and

(b).

Curve Fourier coefficients
A? B2 i Aq By

(a) Le 0 3.93 x 103 0 13.73 x 103

(b) Ls 0 -42.82 x 103 0 0
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neglected. The Lg curve, on the other hand, is much simpler and it consists of a single sinusoidal
- wave with a period 180° (n = 2).

Such an analysis has been conducted for all the 12 KS twin pairs. No matter what rotation
axis of the applied magnetic field is taken, it can be found from the crystal symmetry that the
theoretical torque curves of the twin pairs (1-1, 1-4) and (2-1, 2-4) are undistinguishable. The same
situation was also found for other twin pairs. After all, the 12 KS twin pairs are further categorized
into six (6) groups, #11 to #31, as shown in Table 4-2.

To find the existing variants and the morphology of a-iron particles in a given specimen,
theoretical torque curves which can accurately reproduce the experimental curves must be found.
The actual procedure to find the best-fit theoretical curves is as follows. First, theoretical L. and L,
curves for all the six groups are decomposed into Fourier components. This enables us to express
a theoretical torque curve by five parameters, i.e., A, B,, A,, B, and k. Secondly, the experimental
curve is also decomposed into Fourier components by a computer calculation. If A and B,
coefficients with n = 6 are found to exist, they are neglected since these components do not appear
in the theoretical curves. Lastly, by comparing the Fourier components and the shape of theoretical
and experimental curves, good-fit theoretical curves with certain combinations of the volume fraction
and the aspect ratio of each group are selected from many candidates.

To evaluate the shape resemblance between the theoretical and experimental curves, each
curve is normalized by dividing it by (A,*+B,*)'”” . When the normalized theoretical and cxpeﬁmentél
curves are denoted as g.(8) and g(6), respectively, it has been considered ihat the smaller the

following D values, the better becomes the shape resemblance.

D= Z{gr(&) - gu(80}" (4-9)

The summation in Eq. (4-9) was performed by taking 18 values of 8, with a 10° interval. To find
candidate theoretical curves, the volume fraction of each group was varied from O to 1 with a 0.1
interval and the aspect ratio k (= 1) was changed with a 0.02 interval. For simplicity, the aspect
ratios for all the groups were assumed to be the same. Using a computer, the D value for each
theoretical curve was calculated and curves with small D values were searched. In the computer
calculation, only theoretical curves whose maximum values agree with those of the experimental
curves within 4 10% difference were printed out. If only the shape (not the magnitude) of the
torque curves is noted, curves with much smaller D values could be obtained. However, since it is

difficult to assign a physical meaning to this artificial curve fitting, this method was not adopted in
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Table 4-2. Six twin-pair groups of the KS variants.

Group name ¥11 12 #13 #22 #23 #31
Belonging (1-1, 1-4) (1-2, 1-6) (1-3, i-8) (2- -5} (2-3, 2-6) (3-1, 3-4)
twin pairs (2-1, 2-4) (4-2. 4-5) (3-3. 3-6) -2, 3- (4-3. 4-6) (4-1, 4-4)
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the analysis.

Table 4-3 lists the volume fractions of the groups #11 to #31 and the aspect ratios to best
reproduce the experimental torque curves in Figs. 4-3 and 4-4. For each experimental curve,
theoretical curves to give five smallest D values are listed. For comparison with Figs. 4-3 and 4-4,
theoretical torque curves with the smallest D values shown in Table 4-3 are drawn in Figs. 4-7 and
4-8.

Although the theoretical curves for the as-deformed specimens (Fig. 4-7(a) and Fig. 4-8(a))
do not bear a striking resemblance to the corresponding experimental curves (Fig. 4-3(a) and Fig.
4-4(a)), reasonable agreement can be seen in the shape and magnitude of the theoretical and
experimental curves for the annealed specimens. In the experimental torque curves of the as-deformed
specimens, Fourier components with # = 6 were found to be unnegligible. This is the reason why
the theoretical curves showed only poor reproducibility. The as-transformed «-iron particles
consist of twinned layered structure which was not duly taken into account in the present analysis.
Moreover, tangled dislocations as well as significant amount of elastic strains are generated in and
around the particles upon the transformation [4, 15]. These may affect the magnetic anisotropy of
the as-transformed a-iron particles in many ways. On the other hand, annealing causes the
disappearance of twinned structure, tangled dislocations and elastic strains [6, 14, 15]. Therefore,
simpler torque curves can reasonably be expected.

We find from Table 4-3 that the present analysis clearly shows the preferential formation of
particular KS variants and the development of the shape change (from the values of k) of the a-iron
particles. Although it is difficult to accurately determine the volume fraction of each group, it can be
found easily that the tensile stress induces the preferential formation of group #13 and the compressive
stress induces the preferential formation of group #11. It has been found in Chapter 2 that the
(1-3, 1-6) twin pair is formed preferentially by the [419]; tension and (1-1, 1-4) and (2-1, 2-4) twin
pairs are formed by the [419], compression. Therefore, the present results are in good agreement
with those of the previous study.

We have seen that the present unique method of the magnetic anisotropy measurement is
useful. This method may have potential applications not only to find the martensite variants but

also to know the texture in deformed or transformed specimens.
4.5. Summary and conclusions

Stress-induced y—a martensitic transformation was introduced in iron particles in a copper
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Table 4-3. Calculated aspect ratios and volume fractions of the twin-pair groups to
reproduce the experimentally obtained torque curves in Figs. 4-2 and 4-3.

N = L e T B S

Aspect Volume fraction D value Aspect Volume fraction D value
ratio #11 #12 #13 #22 #23 431 ratio #11 #12 #13 #22 #23 #31
Specimens deformed in tension by 14% at 77K

As-deformed (0 min annealed) 15 min annealed

1.18 6.2 ¢ 0.5 0 0.3 O 0.258 1.22 6.2 0 0.7 0.1 O 0 0.144

1.16 0.1 0 0.4 0.2 0.3 ¢ 0.301 1.24 6.3 0 0.7 O 0 0 0.151

1.12 0.2 0 0.5 0.1 0.2 ¢ 0.304 1.28 0.3 0 0.6 0 6 0.1 0.165

1.26 0.1 0 0.4 0.1 0.4 0 0.311 1.26 0.2 0 07 0 0.1 O 6.173

1.08 0.3 0 0.5 0.2 0 0 0.359 1.28 6.2 0 0.6 0.1 0.1 O 0.176

5 min annealed _ 10 h annealed

1.28 0.3 0 0.6 0 0.1 O 0.241 1.32 6.3 0 0.6 0.1 0 0 0.175

1.22 0.3 0 0.6 0.1 0 0 0.242 1.42 6.3 0 0.6 06 0.1 0O 0.181

1.22 0.2 0 0.5 0.3 0 0 6.252 1.54 .3 0 0.5 ¢ 0.1 0.1 0.202

1.28 6.2 o0 0.5 0.2 0.1 0 0.257 1.40 0.3 0 0.5 0.1 0 0.1 0.204

1.24 ] 0 0.4 0.5 0.1 0 0.260 1.30 0.2 0 0.6 0.2 O 0 0.223

Specimens deformed in compression by 12% at 77K

As-deformed (0 min annealed) 1 h annealed
.04 6.6 0 0 0.3 0 0.1 2.864 1.24 0.7 6.2 6 0.1 0 0 0.091
.04 6.% 0.1 06 0.4 0 0 3.067 1.22 0.8 0.2 0 ] 0 0 0.101
.04 6.6 0 0 0.4 0 0 3.268 1.20 0.8 0.1 O© 0 0.1 0O 0.105
.04 0.5 0 0 0.5 O 0 3.348 1.24 6.7 0.1 0 0 0.1 0.1 0.111
.06 0.5 0 0 0.3 0 0.2 3.384 1.30 6.7 0.1 0 0 0 0.2 0.114
min annealed 1 d annealed
.16 0.9 0.1 o0 0 0 0 0.189 1.56 6.7 0.3 0 0 0 0 0.241
.18 6.8 0.1 0 0.1 0O 0 0.193 1.70 0.6 0.2 0 6 0.1 0.1 0.247
.24 0.7 0.1 0 6.1 0 0.1 0.205 1.54 0.6 0.2 0 0 0.2 © 0.247
.20 0.8 0.1 0O 0 0 0.1 0.217 1.98 0.6 0.2 0 6 0 0.2 0.253
.16 8.9 0 0 0 6.1 © 8.219 1.84 0. 0.1 O 0 0.2 0.2 0.254
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matrix by applying tensile or compressive stresses along [419],. The magnetic anisotropy of the
deformed and successively annealed specimens was examined by measuring magnetic torque around
(11 1),. The annealing caused the elongation of the o-iron particles to become ellipsoidal in shape.
The magnetic anisotropy in the present specimens has two origins, the crystal anisotropy due to the
symmetry of the a-iron crystal and the shape anisotropy due to the shape of the a-iron particles.

By analyzing the magnetic torque curves, the following results were obtained.
(1) The shape (the phase angle) of the torque curves depends strongly on the sense (tention or
compression) of the applied stress while the amplitude of the torque curves becomes larger as

annealing time increases.

(2) The stress-dependent shape reflects the preferential formation of particlar stress-induced martensite

variants out of crystallographically equivalent ones.

(3) The annealing time-dependent growth of the amplitude of torque curves reflects the spherical to

ellipsoidal shape change of the a-iron particles.

(4) These results are in good agreement with those of the TEM observations in Chapter 2.
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Chapter 5.
Crystallography and Morphology of Needle-like a-Iren Particles in a Copper Matrix

5.1. Introduction

Monzen et al. have found that annealing of a Cu-Fe alloy with transformed particles results
in the disappearance of the twinned microstructure and the a-iron particles eventually become
single crystals [1]. In Chapter 3, annealing experiments were conducted to examine the morphological
changes and growth kinetics of the a-iron particles [2]. It has been found that prolonged annealing
causes the preferential growth of the single-crystalline particles along certain crystallographic
directions and they become needle-like with the aspect ratio as large as 15. In this study, the
morphology and crystallography of the elongated a-iron particles will be investigated in more
detail.

The microstructure of needle-like precipitate particles has been examined by transmission
electron microscopy (TEM) for various alloy systems [3-9]. To explain the crystallography of
precipitates such as growth directions and orientation relationships, geometrical analyses based on
the invariant-line strain criterion hav'e been found to be very effective. For example,‘ Dahmen has
shown that the needle directions of various h.c.p. precipitates in b.c.c. matrices lie along invariant
lines [5]. Homogeneous defoﬁnation to transform a matrix lattice into a parent latiice results in the
formation of a cone of unextended lines if two of the three principal distortions are greater or less
than unity [5-8]. Taking into account the accommodation by the matrix slip, Dahmen ef al.
predicted that semicoherent needle-like precipitates grow along the intersections of the cone of
unextended lines with matrix slip planes [6, 7]. Such slip accommodation is necessary to form a set
of shear dislocation loops at the precipitate-matrix interface. However, when the growth of precipitates
oceurs at high enough temperatures for diffusional accommodation to take place, the matrix slip
may not be an important factor in determining the growth directions.

Luo and Weatherly examined in detail the crystallography of needle-like chromium precipitates
in nickel [8]. They concluded that the invariant-line criterion was excellently applicable to explain
not only the observed growth directions but also the habit-plane orientations. However, in conducting
the analysis, they assumed the exact KS relationship between the two crystals. With this assumption,
the invaliant-line condition was realized only approximately.

In the present study, without assuming the role of matrix slip or the orientation relationship,

the crystallography of the fully-grown needle-like o-iron precipitates in the copper matrix will be
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examined and analyzed. For this purpose, the geometrical criteria, originally developed to explain
epitaxial relationships at deposit-substrate interfaces [10], will be adopted and their applicability to

the crystallography of precipitate-matrix interfaces will be examined.
5.2. Experimental

Tensile specimens of 3x3x40 mm* in size with the tensile axis parallel to the [419] direction
were spark-cut from single crystals of a Cu-1.0mass%Fe alloy. The specimens were solution
treated at 1273K for 4h and quenched into water. The specimens were then aged at 973K for 1d.
This treatment produced y-iron precipitate particles with the average radius of 29nm. To introduce
the y—>a martensitic transformation in all the particles, the specimens were deformed in tension by
20% at TTK.

Fully-elongated single-crystalline a-iron particles in the copper matrix were obtained by
annealing the deformed specimens at 973K for 4d. From these specimens, thin foils for 200kV
TEM (Hitachi H-700) were prepared so that the foil surfaces became parallel to either the (T 1'1_)
primary slip plane or the (110) plane of the copper matrix.

5.3. Results

3.3.1. Growth directions of a-iron precipitates

Figure 5-1 shows a TEM micrograph of elongated a-iron precipitates. As mentioned in
Chapter 2, only a few KS variants out of 24 crystallographically equivalent ones are predominantly
formed if a uniaxial stress is applied to induce the martensitic transformation in the iron particles
[11]. This explains the fact that the elongated directions of most precipitates are well aligned along
the [110], direction. However, the detailed examination of more than 100 precipitates revealed that
two distinct growth directions on the (TIT)f plane, one parallel to [110]; and the other 8.5°%1°
away from [110], , i.e. near [16 19 3], exist in approximately equal amounts, as shown in Fig. 5-1.
; The precipitates belonging to the former and the latter will be referred to as variants I and II,
respectively.

The selected-area diffraction pattern in Fig. 5-2(a) was taken from an area containing several
~ variant I and II precipitates in Fig. 5-1. It can be seen from the schematic representation in Fig.
5-2(b) that two nearly KS variants which are twin-related to each other are present. An analysis

using dark-field micrography revealed that these variants corresponded to the above variants I and II
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Fig. 5-1. Transmission electron micrograph of elongated o-iron precipitate particles in
a copper matrix. Two growth directions, [110], for variant I and [16 19 3], for
' variant II, can be seen. zone axis: [T17T],.




Fig. 5-2. Selected-area diffraction pattern (a) and its schematic representation (b)
showing the superposition of the Cuf11T], pattern and two twin-related Fe[110],
patterns with KS orientation relationships.
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with the orientation relationships described by:

(111),//(110),, [110], /[111], (variant I)
(111),//(110), {1107, {111}, (variant IT).

The variant I is the same as the most predominantly formed 1-6 variant under a [419] uniaxial stress
examined in Chapter 2 and the variant II is the same as the 1-3 variant. Hereafter, the variant
notation defined in Table 2-1 in Chapter 2 will also be used in this chapter. These variants
constitute the a-twins in the layered microstructure in the as-transformed state. It should be
emphasized here that the above KS relationships are approximated ones. As already investigated in
detail by Monzen and Kato [12, 13], the distribution of orientation relationships, or slight deviation
(within 2°) from the exact KS relationship, was recognized when many a-iron precipitates were
examined statistically. As particles elongate by the annealing, one of the twinned variants grow at
the expense of the other to become single crystals and the growth directions depend on the variants,
as shown above. Of course, the growth of particles is accompanied by the disappearance of some

others.

5.3.2. Habit-plane orientations of o-iron precipitates

Figure 5-3 shows the cross-sectional view of the variant 1-6 precipi;atc. The elongation
direction, [110};, is perpendicular to the micrograph. After the anealing at 973K for 4d, most
precipitates have so elongated that their longitudinal dimension is larger than the (110); foil
thickness. As can be seen in Fig. 5-3, the precipitate-matrix interface consists of several facets of
habit planes. Comparison with a selected-area difraction pattern revealed that the orentations of
these facets were approximately described as (111),/(110), (112),/(321),, (111),/(145), and (332
)f/(OTI)b. Among them, the (ulﬂlT)f/(].IO)b and (T]E)f/(321).b habit planes were confirmed to be
accurately edge-on when viewed from the exact [110]; growth direction. These two habit planes
were universally observed in all the precipitates examined. Therefore, these habit planes are considered
to be predominant for the variant 1-6 precipitates.

The formation of structural ledges at the precipitate-matrix interface can be detected in the
upper-right portion of Fig. 5-3. Furthermore, the periodic arrays of strain-field contrasts can be
seen in the copper mairix near the precipitate. These are indicative of the existence of interface
dislocations.

Although habit-plane facets were also observed in some variant 1-3 precipitates, their
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Fig. 5-3. Cross-sectional view of a variant 1-6 precipitate. The [110], zone axis is
parallel to the growth direction of the precipitate. The Orientations of habit-plane
facets are indicated.




orientations were not identified. This is because they became high-index planes and, more importantly,
because habit-plane orientations varied from precipitate to precipitate.
Figure 5-4 summarizes the observed crystallographic features of the elongated o-iron

precipitates in a stereographic projection. These features will be discussed below.
5.4. Discussion

5.4.1. Orientation relationship

As seen in Fig. 5-2, the KS relationship was observed between the o-iron precipitates and
the copper matrix. Here, let us discuss factors determining the orientation relationship. For this
purpose, geometrical criteria proposed by Kato et al. [14] to predict and explain interface
crystallography will be adopted. These criteria were originally developed to discuss the epitaxial
relationships between deposit thin films and substrates [14-17] and can .be summarized as follows
[10].
(i) The f.c.c. and b.c.c. planes to form an interface are related to each other by the Bain correspondence.
(i1) On each plane, two mutually perpendicular directions (x, and y; on the f.c.c. plane and x, and y,
on the b.c.c. plane) can be found uniquely so that x; and x, as well as y, and y, correspond to each
other by the Bain correspondence.
(iii) The orientation relationship is considered to be determind by the invariant-line criterion [5].
Using the lattice parameters of f.c.c. (a;) and b.c.c. (a), the atomic arrangemeht of the f.c.c. plane
can be converted into that of the b.c.c. plane by a homogeneous transformation with the principal
distortions 7, and 1, defined as n, = | %] /| x| @ and n, =|y] a/| y;| &. With this transformation,
the originally circular region on the f.c.c. plane changes into an elliptic region on the b.c.c. plane, as

shown in Fig. 5-5. Then, the rotation angle 8 to realize the invariani-line condition can be found as

(3]

cosf = (1 + n,n,)(n, + ). (5-1)
The angle a between the x-direction and the invariant line satisfies

tana = = {(1-n,/(n,” - D} (5-2)

(iv) The relative preference between different orientation relationships can be evaluated by comparing
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the following M parameter values. This parameter is approximately proportional to the strain
energy density due to the lattice misfit between the two crystal planes at the interface: The

relationship with a smaller M value is more preferable.
M =2+ 5" + (s, >

where £, = 1j.~1and g = 7,-1.

Although the above criteria were construcied to treat the crystallography of two-dimensional
flat interfaces, they were found to be excellently applicable even for three-dimensional problems if
the atomic arrangements of various local planes on a curved inteface were considered [18, 19].
Therefore, it is physically sound and worthwhile to adopt these four criteria to the present study.
To do so, a pair of crystal planes to describe an orientation relationship must first be determined.
It is assumed that the a-iron precipitates can grow most easily if the growth directions lie on a pair
of optimum matching planes. Among numerous possibilities, we will consider the three lowest-index
planes, i.e. (100),(110) and (111), as the orientations of the f.c.c. and b.c.c. planes. Then, the Bain
correspondence leads to four different candidate orientations of the f.c.c. and b.c.c. planes. They
are shown in Table 5-1. It is seen from Table 5-1 that these four orientations are sufficient to
describe such familiar relationships as KS, Nishiyama-Wassermann (NW), Pitsch (P) and Bain
B).

On each orientation, a set of principal directions, %;, ¥, %, and y, can Be found uniquely
using Tabie 1 in Ref. [10]. From these and a,= 0.3615nm for copper and @, = 0.2867nm for iron,
7, and 7, can be calculated. The values of 6 (criterion (1)) and M (criterion (iv)) are thus obtained
from Egs. (5-1) and (5-3). They are also listed in Table 5-1.

By comparing the M values for the four orientations, it can be found that the M value
(0.0151) for (111),/(110), is much smaller than the M values for the other three orientations.
According to criterion (iv), this means that the (111),/(110), orientation is most preferable. Moreover,
the rotation angle 8 = 5.75° to realize the invariant-line condition for this orientation is very close to
6 = 5?6” for the exact KS relationship and is by far different from 8 = 0° for the NW relationship.
Therefore, the present analysis concludes that approximately the KS relationship should be realized
between the iron particles and the copper matrix. This is in agreement with the experimental
Observation. Since actual orientation relationships vary slightly from precipitate to precipitate, the
relevance of the predicted 0.49° deviation from the exact KS relationship cannot be discussed in the

Light of experimental results, However, the deviation is thought to be small enough to show the
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Table 5-1. Orientations of Bain-corresponding low-index f.c.c. and b.c.c. planes. On
each orientation, a set of principal directions and their calculated values of 1], n, M

and O for the Cu-Fe system are shown. The belonging familiar orientation relationships

are also listed together with their 8 wvalues.

(100), / (100),  (100), / (110), (110), / (100),

(111), / (110),

X, [001]; [001], {0021,
A [010}; [010], fi10],
X, [oT1}, {001}, {002},
Y. {011}, {1101, (020},
Cu-Fe System
1, 1.1216 0.7931 0.7931
1, 1.1216 1.1216 1.1216
v (0} 9.30° 9.30°
M 0.0394 0.0408 0.0408
Belonging familiar
orientation B(6=0°) P(0=9.74°) NW(0=9.74°)
relationship

171},
{101,
[230},
{002},

0.9158
1.1216

5.75°
0.0151

NW(8=0°)
K.S(8=5.26°)
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excellent applicability of criterion (iii) in the present study.

5.4.2. Growth directions

Now that we have seen the excellent applicability of the above four criteria to explain the
observed orientation relationship, they will also be adopted to analyze the observed growth directions.
As shown before, the two distinct growth directions, [110], for the variant 1-6 and [16 19 3], for the
variant 1-3, were observed. The former direction is parallel to the [11 1], direction of the variant
1-6 and, therefore, this growth direction may be understood if we intuitively assume that preferential
growth occurs along the common close-packed direction. This assumption may be justified since
the lattice misfit along [1 IO]f/[-fl 1], 1s only 3%.

On the other hand, the growth direction for the variant 1-3 cannot be understood intuitively.
According to previous studies in literature [5-8], such high-index growth directions often coincide
with the directions of invariant lines. To examine whether the same invariant-line criterion is
applicable for the present variant 1-3 precipitates, criterion (iii) will be considered. We have seen in
the previous section that the (TIT)f/( 110), orientation holds. Figure 5-6 shows the superposition
of (111), and (110), planes satisfying the rotation angle 8 = 5.75° calculated from Eq. (5-1) and
shown in Table 5-1. The direction of the invariant line, or the angle a between x; and the
invanant-line direction, can then be calculated from Eq. (5-2) as a = 141.66°. Therefore, it is easy
to find from Fig. 5-6 that the invariant-line direction is 8.34° away from [110],. This is in excellent
agreement with the observed angle, 8.5° & 1°. |

The applicability of the invariant-line criterion to explain the growth direction is not limited
to precipitate-matrix systems. Kato et al. have shown that the growth direction of deposit thin films
of iron on Cu and Cu-Ni substrates can also be explained by the invariant-line criterion [10, 14-17].
Since no lattice misfit exists along the invariant line, the growth of precipitates and thin films is
considered to take place easily.

A question then arises as to why the growth direction of the variant 1-6 precipitates did not
coincide with the invariant-line direction. At present, it isdifficult to answer this question clearly.
However, it is worth mentioning that although the 1-6 and 1-3 precipitates have crystallographically
equivalent orientation relationships to the copper matrix, the variants 1-6 and 1-3 are different from
the viewpoint of stress-induced martensite products. As investigated in Chapter 2, the variant 1-6
precipitates are those which are preferentially formed by the applied stress. On the other hand, the
variant 1-3 precipitates are formed as a result of plastic accommodation by twinning in the a-iron

particles due to the constraint of the surrounding copper matrix [11, 20]. Such a difference in the
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Fig. 5-6. Superposition of the (T1T),and (110), planes so as to satisfy the invariant-line
condition. () : f.c.c. atoms, &: b.c.c. atoms.
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initial formation process of the two variants may affect the morphological changes during the

annealing.

5.4.3. Habit-plane orientations

As shown in Section 5.3.2, the main habit-plane orientations observed for the variant 1-6
precipitates were (T IT)f/(l 10), and (Tli)f/(BZI)b. Adopting critena (i) to (iv), we will discuss the
reason why these two habit planes are predominant.

Figure 5-7 shows the superposition of 110; and 111, stereographic projections to indicate
the observed KS relationship for the variant 1-6. It should be noted that the [110]/[1 11}, direction
is the growth direction of the variant 1-6 precipitates and, therefore, the habit plane poles should lie
on the peripheral great circle in the stereographic projection.

Let us assume that (hkl), and (pgr), are a pair of Bain-corresponding planes containing
[110], and [11 1],. Criterion (iv) will be adopted to find preferable (Akl), /(pgr), pairs to form habit
planes. It is of course true that the (ikl); and (pgr), planes are uniquely determined as ( 111 ); and
(110),, respectively, for the exact KS relationship. This is because these are the only pair of
Bain-corresponding planes which are exactly parallel to each other. In other words, if 8 is defined
as the angle between (hkl); and (pgr),, 6 = 0° for the KS relationship is satisfied only for (TIT)f
and (110),. Therefore, the observed ( T1T)./(110), habit plane is a very natural one for the variant
1-6 precipitates. However, if we allow a small deviation from the exact KS relatiqnship, which may
well be the case for the present Cu-Fe system, many other candidate pairs of planes can be
considered.

We asume rather arbitrarily that if’ é is smaller than 1°, the two planes may constitute a habit
plane with nearly the KS relationship. We further assume that extremely high-index planes are
unlikely to form an interface for the variant 1-6 precipitates.” Therefore, we limit ourselves to the
planes satisfying A%+ k *+ 1 * <30 and p *+q *+r * <30, where all the indices are integers. With
the above in mind, possible pairs of Bain-corresponding planes were searched and only three pairs

as listed in Table 5-2 were found. Using criteria (iii) and (iv), the M values for these pairs were

It is true that high-index habit planes satisfying the invariant-plane condition are
often observed for plate martensites. During diffusionless martensitic transformations, the
Ielaxation of a constraint imposed by the matrix occurs entirely by plastic deformation. This
- inevitably makes the martensite crystallography rather complicated as discussed in the
Phenomenological crystallographic theories [21, 22]. On the other hand, since the diffusional
Tearrangement of atoms occurs easily during the growth of precipitates, extensive plastic
deformation as a relaxation mechanism is not needed. Therefore, much simpler crystallography
is expected to be realized.



111,
110,

Fig. 5-7. Superposition of 110, (solid lines) and T11, (dotted lines) stereographic
projections indicating the observed K8 relationship for variant 1-6.
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Table 5-2. Possible combinations of Bain-corresponding f.c.c. and b.c.c. planes which
can nearly satisfy the KS relationship for variant 1-6. Calculated values of M and 3,
the deviation angles from the exact KS relationship, are shown for each combination.

(hkly, ! (pgr), o) M

(T11), / (110), g° 0.0151
112), 1 321, 0.36° 0.0237
T13), 7 (211), 0.50° 0.0303
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calculated and they are also shown in Table 5-2. It can be seen that the (111 )/(110),and (le)f/(321)b
pairs have smaller M values than the (Tﬁ)f/(ZI 1), pair. Therefore, criterion (iv) predicts that the
former two pairs are more favorable habit planes. This is again in agreement with the observed two
main habit plane orientations.

,, As mentioned in Section 5.3.2, no common habit plane was found for the variant 1-3
precipitates. However, the above analysis predicts that the (i’]_ 1 )¢ /(110), interface can also be a
favorable habit plane for this variant since this plane contains the [19 16 3]; growth direction.

Further studies are necessary to understand why this plane did not become a common habit plane.

5.4.4. Comparison with other studies

As we have seen, the proposed criteria (i) to (iv) for interface crystallography are excellently
applicable. Although the invariant-line criterion also plays an important role, the basic idea behind
the present analysis is, to some extent, different from those proposed by Dahmen ef al. [6, 7). As
mentioned in Section 5.1, they have predicted that the growth directions of semicoherent precipitates
should coincide with the intersections of the cone of unextended lines and matrix slip planes. Of
the two observed growth directions, [16 19 3], for the variant 1-3 is in agreement with this
prediction since this direction lies on both the cone of unextended lines and the ( 1 ];_1_)f slip plane.
However, since [110]; was also observed, we did not explain the growth directions in connection
with the accommodation by matrix slip. Rather, we have simply assumed that the growth of
precipitates is easy along certain directions on the optimum matching interface plane, (111 )¢/ (110),,
It is true that the periodic arrays of strain-field contrasts, indicative of the existence of interface
dislocations, were in fact observed, as shown in Fig. 5-3. However, we do not believe that the
matrix slip played a crucial role in accommodating the lattice misfit. This is because the growth of
the a-iron particles occurred at 973K for 4d. Under such growth conditions, diffusional
accommodation would occur easily.

In discussing the crystallography of needle-like chromium precipitates in a nickel matrix,
Luo and Weatherly conducted a three-dimensional crystallographic analysis by assuming the exéct
KS relationship between the two crystals [8]. With this assumption, one has an impression that the
orientation relationship is pre-determined by some unknown causes and then other crystallographic
features are realized so that they are consistent with the given orientation relationship. On the other
hand, in this study, it has been considered that the orientation relationship is determined as a result
of finding an optimum matching pair of two crystal planes. In fact, by conducting the same

analysis as in Section 5.4.1 with a, = 0.3524nm for Ni and a, = 0.2880nm for Cr, we find that the
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(Tﬁ‘ )¢/(110), combination with 6 = 5.24° is most preferable. Since this angle is almost the same
as that for the exact KS relationship (5.26°), there is no need to assume the KS relationship in

conducting the crystallographic analysis.
5.5. Summary and conclusions
The crystallography and morphology of needle-like a-iron precipitates in a copper matrix
were examined. Simple geomeirical criteria for interface crystallography were applied to explain the

experimental results. The main findings are summarized as follows.

(1) The Kurdjumov-Sachs orientation relationships were observed between the precipitates and the

matrix.

(2) Depending on the Kurdjumov-Sachs variants, two growth directions, [110]; and [16 19 3%,

were observed.

(3) The precipitate-matrix interface consisted of several facets of habit planes. The predominant

habit plane orientations for the [110]; needies were (111), /(110), and (112),/(321),

(4) The observed crystallography and morphology of the or-iron precipitates were explained excellently

by combining the invariant-line deformation criterion and the strain-energy minimization criterion.
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Chapter 6.
Growth of Grain-Boundary Precipitates in Cu-Fe-Co Bicrystals

&.1. Introduction

Grain boundaries often become preferential sites for the precipitation and growth of second-
phase particles. As a result, grain-boundary particles are in general larger than in-grain particles. It
is, however, well known that the distribution and morphology of boundary particles vary with grain
boundaries [1-9]. This is because such factors as grain-boundary segregation and grain-boundary
diffusion depend on the boundary character.

The growth of boundary precipitate particles has been studied theoretically by many
investigators. For example, Speight [10] has shown, as mentioned in Chapter 3, that the average

particle radius 7 increases with aging time #as 7 ocz*'*

. This result was obtained from the assumption
that solute atoms diffuse two-dimensionally on a grain boundary. On the other hand, assuming that
solute-atom diffusion occurred along intrinsic grain-boundary dislocations, Kreye [11] and Ardell
[12] independently derived the relationship of 7 « £ . |

In spite of the development of such theoretical studies, only a few experiments have been
reported on the growth of boundary particles. Butler and Swann [2] examined the growth of
boundary MgZn, particles in an Al-Zn-Mg alloy. They obtained the relationship of ¥ « 1" where
n varied between three (3) and just over four (4) depending on the misorientation angle of the two
abutting grains separating the boundary. Recently, using the same alloy system, Czurratis e? al. [3]
showed that ¥ is proportional to i for particles on random high-angle boundaries.

The kinetics for the development of precipitate free zones (PFZs) along grain boundaries
has also been studied. Sanders et al. [13] have shown that the PFZ width increases with #° during
aging. On the other hand, Jensrud and Ryum [14] and Jha et al. [15] have found that the PFZ
width is proportional to #* . However, the usage of polycrystalline specimens in the above experimental
studies has prohibited us from knowing how the particle and PFZ growth kinetics are related to
the grain-boundary character .

In the present study, the growth of a-Fe-Co particles on [011] symmetric tilt boundaries of
copper will be examined using orientation-controlled bicrystals. When a solution-treated Cu-Fe-Co
alloy is aged, y-Fe-Co (f.c.c.) particles precipitate in the copper matrix and a-Fe-Co (b.c.c.) particles

which precipitate on grain boundaries of copper are known to exibit the XS orientation relationship

to one of the two grains [8]. At the same time, PFZs are formed near the boundaries as a result of
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the exhaustion of solute atoms. The Cu-Fe-Co alloy rather than the Cu-Fe alloy was chosen since
ternary addition of Co to the Cu-Fe alloy is known to significantly enhance the grain-boundary

precipitation [8].

6.2. Experimental

Bicrystals, 3mm thick, of a Cu-0.77mass%Fe-0.84mass%Co alloy containing various [011]
symmetric tilt boundaries (with misorientation angles of 8= 5°, 10°, 15°, 20° and 50.5°) were grown
by the Bridgman method using seeds. The bicrystals were solution-treated at 1273K for 6h,
quenched into water and subsequently aged at 873K for 1h to 96h in a vacuum.

The shape and size of the precipitated o.-Fe-Co particles on various grain boundaries were
examined on a 200kV TEM (Hitachi H-700) after making thin-foil specimens. For each boundary,
over 100 particles were observed along the direction perpendicular to the [011] tilt axis and parallel
to the grain boundary, as shown schematically in Fig. 6-1. As will be shown below, most a-Fe-Co
particles were not nearly spherical but elongated. Therefore, their shape was approximated as
spheroids expressed by x*/a*+(y*+z*)/b* < 1 with the aspect ratio a/b on an x-y-z coordinates.
Furthermore, the assumed spheroid was reduced to an equivalent sphere of the same volume and its
radius was defined as the particle radius. The PFZ width was measured at ten different locations

and the average value was obtained.

6.3. Results

6.3.1. TEM Micrographs

Hereafter, a bicrystal with the misorientation angle § and its grain boundary will be referred
toas a 6 bicrystal and a 6 boundary, respectively. Figure 6-2 shows the TEM micrograph of the 5°
boundary. This specimen was prepared from the aged 5° bicrystal at 873K for 8h. The coffee-bean
like lobe contrasts in both grains indicate that coherent y-Fe-Co particles precipitate finely in the
copper matrix. On the other hand, very few a-Fe-Co particles were observed on the grain boundary.
Although periodic arrays of larger strain-field contrasts can be seen on one side of the grain
boundary, these are caused by the precipitation of coherent y-Fe-Co particles on the boundary.
Therefore, it is found that the precipitation of the equilibrium a-Fe-Co particles is difficult on such
small-angle boundaries as the 5° boundary. This is consistent with the observation by Monzen et

al. [9] that a-Fe-Co particles were not nucleated on small-angle boundaries with misorientation
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3mm f

Fig. 6-1. Schematic illustration of a Cu-Fe-Co bicrystal with an [011] symmetric tilt
boundary.
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Fig. 6-2. TEM micrograph of a 5° boundary aged at 873K for 8h.
particles on the boundary are marked by the amows.



smaller than 3°. In coincidence with the rare boundary precipitation, the PFZ width is also very
narrow on either side of the 5° boundary.

For a 10° boundary, the precipitation and growth of the boundary a-Fe-Co particles occurs
much more easily as shown in Fig. 6-3. As a result, clear PFZs are also observed on both sides of
the boundary. It was found that upon further aging of the 10° bicrystal,. the shape of the boundary
o-Fe-Co particles remained rather spherical with a constant éspcct ratio of about 1.4 although the
volume of individual particles became larger. The same observation was performed for a.15°
bicrystal. It was found that the morphology of the boundary particles and the PFZ width were very
similar to those of the 10° bicrystals.

Figure 6-4 shows the a-Fe-Co particles on 20° boundaries. Compared with the particles on
10° and 15° boundaries, all the particles elongate significantly along [011] and become rod-like. It
is interesting to know that this elongation direction is parallel to the [011] tilt axis of the symmetric
boundary. In fact, this [011] direction was found to be the direction 1o describe the KS orientation
relationship to one of the two abutting grains. In Chapter 3, it was found that in-grain o-Fe
particles also grow and elongate along (011) by annealing. Therefore, regardiess of the in-grain or
boundary particles, the preferential growth direction of a-iron or a-Fe-Co particles appears to be
determined at least partly by the crystallography (orientation relationship) of the particles in the
copper matrix.

As aging time increases from 8h (Fig. 6-4 (a)) to 48h (Fig. 6-4 (b)), two major changes
could be noted. First, the size and aspect ratio of the particles became larger. Secondly, the width

of PFZs became larger. Similar characteristics were also found in specimens with a 50.5° boundary.

6.3.2. Growth of boundary o-Fe-Co particles |

The change in the aspect ratio a/b of the grain-boundary particles was examined as a
function of aging time at 873K and the results are shown in Fig. 6-5. Since the 5° boundary did not
contain enough particles, the data could not be obtained. It can be seen that as misorientation
becomes larger, the aspect ratio becomes larger. As mentioned above, for particles on the 10° and
15° boundaries, the aspect ratio is nearly constant and independent of aging time. On the other
hand, the aspect ratio increases by aging for particles on 20° and 50.5° boundaries.

Figure 6-6 shows the variation of the mean particle radius 7 (as defined by the equivalent
sphere, see Section 6.2) with aging time 7. The only one data could be obtained for particles on a 5°
boundary. It can be seen from Fig. 6-6 that for all the boundaries almost linear relationship exists

between 7 and ¢ when they are plotted on logarithmic scales. This means that 7 is essentially
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T

Fig. 6-3. TEM micrograph of a 10° boundary aged at 873K for 8h. Spherical boundary
a-Fe-Co particles and clear PFZs are observed.
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Fig. 6-4. TEM micrographs of a 20° boundary aged at 873K for (a) 8h and (b) 48h.
The a-Fe-Co particles elongate along [011].
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proportional to ¢ '" . The straight lines in the figure were drawn by the least-square method. From
the slope of the straight line, n can be obtained for each bicrystal. The calculated results are shown
in Table 6-1. (The value n =3 for the 5° boundary is an expected one from a theoretical
consideration in Section 6.4.2.) As found from this table, n increases from about three (3) to five
(5) as misorientation increases from 10° to 50.5°. The implication of this result will be discussed

later.

6.3.3. Development of PFZs during aging

Figure 6-7 shows the measured width d of the PFZ as a function of aging time . Again in
this figure, linear relationship is found to exist between log d and log &. However, different from the
particle radius (Fig. 6-6), the PFZ width at any aging time does not depend significantly on
misorientation. Therefore, the straight lines obtained by the least-square method nearly coincide
with each other.

From their slope, m for d « ' ™ can be obtained and the calculated resulis are shown in

Table 6-2. It is interesting to find that regardless of misorientation, m is very close to two (2).

6.4. Discussion

6.4.1. PFZ width |

For later purposes, the result in Fig. 6-7 will first be discussed. Figure 6-8 shows the
grain-boundary energies of the Cu[011] symmetric tilt boundaries as a function of the misorientation
angle 6. This result was obtained by Miura e al. [16] by measuring the shape of boundary SiO,
particles. Except for the small energy cusp at 8 =38.9° (29{221}), the boundary energy increases
monotonically with increase in 0 for the range 0 = 5°~50.5° of the present bicrystals.

It can be thought intuitively that the grain-boundary energy is larger in more irregular grain
boundaries. Therefore, it would be safe to consider that as the misorientation angle increases from
5° to 50.5°, the structure of grain boundaries becomes more irregular and disturbed. From this, the
fact that PFZs are not well developed in the 5° boundaries (Fig. 6-2) can be reasonably understood.
These boundaries are less irregular than other boundaries and, therefore, the ability to absorb solute
atoms (Fe and Co) must be smaller.

For the 10° to 50.5° boundaries, the PFZ width changed with time as d > = Kt where K| isa
constant. According to the theoretical work by Jha et al. [15], m = 2 is obtained by considering that

the concentration of solute atoms on the surface of boundary particles differs from that in a grain.
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Table 6-1. Calculated » value for each boundary.

Misorientation angle n
5° (3)
10° 2.97
15° 4.29
20° 4.64
50.5° 5.36
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Table 6-2. Calculated m value for each boundary.

Misorientation angle m
5° —
10° 1.95
15° 2.13
20° 2.09
50.5° 2.17

108



-

7
S
~3
N
~

i . ! | P
g ~ S — o ‘jﬁaw
g | Sz oz o=zEs
™ @ ™ ™ — oy bt~
L‘\B § ] i ' N 1 L"\’w
N ! ! i ! i y 0 o !
O
ks Random
O bl o X boundary ___ |
>§e
-
90
0 0.3
-
O
@
>
5 0.1
()
-
| i i ! 1 1 }

l =
0 20 40 60 80 100 120 140 160 180
Misorientation (deg.)

Fig. 6-8. The grain-boundary energy Yg. relative to the SiO,/Cu interfacial energy v,
against the misorientation angle for [011] symmetric tilt boundaries in Cu [16].

109



This difference drives the solute atoms towards the grain boundary by bulk diffusion. As a result,
the PFZs develop following the usual (D,#)'* kinetics (D, : the bulk diffusion coefficient of solute
‘atoms). Provided that there are enough sinks of solute atoms in a grain boundary, the kinetics of
the bulk diffusion should not depend on the boundary character but depends only on the concentration
gradient [15]. This is consistent with the present result in Fig. 6-7 that m is equal to two and KX, is
independent of the misorientation angle.

Different from the present result, Monzen et al. [9] reported that the PFZ width is wider
along higher-energy boundaries. This result was obtained using the same Cu-Fe-Co alloy system
aged at 873K for 1h. For this case, K, depends on the misorientation, or the grain-boundary
character. It can be speculated that the nucleation rate and nucleation frequency of boundary
particles depend on the boundary character. Therefore, during the early stage of aging where the
nucleation of boundary particles occurs, solute atoms near the boundary would be directly absorbed
in the boundary and, as a result, the PFZ width would vary with boundaries. However, during the
growth stage after the completion of the nucleation, the PEZs widen by the bulk diffusion of solute
atoms in the abutting grains. Since the result in Fig. 6-7 was obtained after long aging over 1h, the
boundary particles are considered to be well in the growth stage. Therefore, the apparent discrepancy
between the present result and that by Monzen ef al. can be explained reasonably.

As shown in Fig. 6-7, PFZs continue to grow even after aging over 96h and their width
does not show the tendency of saturation. This means that solute atoms are always supplied from
the in-grain sources to the boundaries during the entire growth stage. The gfowth of boundary
particles, therefore, is affected by the bulk diffusion of solute atoms. This is an important point to
be remembered for the discussion of the growth mechanism of the boundary particles in the next

section.

6.4.2. Growth of boundary a-Fe-Co particles

It has been found in Section 6.3.1. that the growth of the boundary particles depends on the
boundary character or misorientation. As shown in Fig. 6-6 and Table 6-1, the power n for 7 " =
K, (K,: a constant) varied between three to five depending on the boundaries. According to the
growth theories of boundary particles, n = 5 should be observed for the particle growth on small-angle
boundaries (one-dimensional (1D) dislocation pipe diffusion) [11, 12, 18] and » = 4 on large-angle
boundaries (2D grain-boundary diffusion) [10, 12, 17, 18]. For the growth controlled by 3D bulk
diffusion, n =3 is the case [19, 20}, as discussed in Chapter 3.

Among the boundaries in the present study, 5° and 10° boundaries may be regarded as
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small-angle boundaries. The structure of small-angle boundaries is often represented by regular
arrays of dislocations [21]. Turnbull and Hoffman [22] successfully explained the misorientation
dependence of grain-boundary diffusion through the short-circuit pipe diffusion along the boundary
dislocations. Then, according to the above theories, n = 5 should be eXpected for these boundaries.
However, the experimental results in Table 6-1 show that # =~ 3 for small-angle boundaries (8 =
10°) and n = 5 for large-angle boundaries (8 = 20° and 50.5°). This appears to be the opposite of
the theoretical prediction. However, these seemingly unexplainable experimental results can be
understood by considering the development of PFZs during aging.

As mentioned in the previous section, PFZs continue to widen on aging. Moreover, from
the misorientation-independence of the m and K, values, the similar contribution of the 3D bulk
diffusion towards the particle growth on all the observed boundaries is concluded. If we assume
that all the present symmetric tilt boundaries consist of regular arrays of straight edge dislocations

lying parallel to the [011] tilt axis, the distance & between the parallel edge dislocations is written as
h=bl2sin(6/2) (6-1)

where b is the magnitude of the Burgers vector. Therefore, as misorientation increases, & decreases
and the dislocation density in the boundaries increases. The pipe diffusion model by Turnbull and
Hoffman [22] says that grain-boundary diffusivity is determined by the dislocation density and the

kinetics of particle growth is expressed as [18]

75 _FS=Ky (6-2)
where

K,=5ZqI'CV,*D, | 4RT. (6-3)

Here Z is the number of dislocations which meet a particle, ¢ is the cross section of the dislocation
pipe diffusion, D, is the pipe-diffusion coefficient. Other constanis have been defined in Chapter 3.
Among various factors, only Z depends on the misorientation angle. Equations (6-2) and (6-3)
indicate that pipe diffusion in small-angle boundaries has small contribution towards the particle
growth since Z values for these boundaries are small. This means that the relative contribution of

the above-mentioned bulk diffusion is large for the particle growth on small-angle boundaries. If
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the bulk diffusion controls the particle growth, the power n should be equal to three (3), as
discussed in Chapter 3. This is believed to be the case for the particle growth on 5° and 10°
small-angle boundaries in the present study. In fact, n = 2.97 is obtained for the 10° boundary
(Table 6-1). Although experimental data could not be obtained, n = 3 can also be expected for the
5° boundary, as indicated in Table 6-1. As misorientation increases, the dislocation density, and
thus the Z value, increase in Eq. (6-3). On the other hand, the contribution of the bulk diffusion has
been found to be the same. Therefore, the relative contribution of the pipe diffusion towards the
particle growth increases and the n value should change gradually from 3 to 5. This is believed to
be the reason why n =~ 5 was observed for the 20° and 50.5° boundaries and n = 4 for the
intermediate 15° boundary.

One may argue that the dislocation model of grain boundaries is not applicable to such
large-angle boundaries as the 20° and 50.5° boundaries. In fact, using the dislocation model for the
50.5° boundary, the distance between edge dislocations becomes d = 1.2b from Eq. (6-1). Since d
is so small, dislocation cores overlap. However, Hoffman [23] and Biscondi [24] experimentally
showed that even in large-angle tilt boundaries, anisotropic diffusion occurred predominantly along
the direction parallel to the tilt axis. Therefore, the dislocation model used in the present study may
be justified at least qualitatively.

We have seen above that when the bulk diffusion plays an important role, the growth
kinetics of boundary particles is similar to that of in-grain particles: The usual LSW rate equation
for the 3D Ostwald ripening, discussed in Chapter 3, can be applied. The result obtained by Butler
and Swann [2] that the n values range beiween three to four for the boundary precipitation of
MgZn, particles in a polycrystalline Al-Zn-Mg alloy is considered to indicate the important role of
the bulk diffusion in addition to the grain-boundary diffusion.

It has been pointed out [25] that the short-circuit grain-boundary diffusion appears most
significantly in the temperature range between 7' /2 to 27, /3 where T, is the meiting temperature.
Since the present aging temperature of 873K is close to 27T, /3, the effect of the grain-boundary
diffusion on the particle growth must have been masked by the stronger effect of the bulk diffusion,
in particular for the 5° and 10° boundaries. Therefore, it is very probable that if a lower aging
temperature was chosen, n became closer to four.

The above discussion, although satisfactorily explains the experimental results, is qualitative
rather than quantitative. To make it a little more quantitative, let us consider the case of the 20°
boundary and evaluate the 1D pipe diffusion coefficient D, Applying the result for 6=20° in Fig.
6-6 and using Eqs. (6-2) and (6-3) together with the numerical values listed in Table 6-3, we obtain
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Table 6-3. Numerical values used for the estimation of the pipe diffusion coefficient

D,.
r C v, Z q
(@/m*)  (mol/m’)  (m*/mol) (m?)
3 240 7.105%10°¢ 75 25%107%°

1261, T[27]
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D, =2.4%10" m?*s at 873K or T/T, = 0.64. This value is about 10° times larger than the bulk
diffusion coefficient D, of iron in a copper matrix at the same temperature. It is known empirically
[25] that the ratios D, /D, (D,: the grain-boundary diffusion coefficient) and D /D, at the same
T/T,, do not depend strongly on materials. Turnbull and Hoffman [22] obtained that D, /D, =~ 10°
for the self pipe-diffusion coeflicient of Ag at 773K (7/T,, = 0.62). Therefore, the obtained value
of D/D, = 10° at T/T, = 0.64 is considered reasonable. Since the effect of the bulk diffusion is
much smaller than that of the pipe diffusion for the 20° boundary, the observed n = 4.64, which is

much larger than three and closer to five, can be understood.

6.4.3. Morphology of boundary a-Fe-Co particles

As shown in Figs. 6-2 to 6-4, the shape of boundary particles depends on the misorientation
of the two grains; not far from spherical on 10° and 15° boundaries and rod-like on 20° and 50.5°
boundaries. Here, factors controlling the shape of the boundary particles will be discussed.

Grain-boundary energy can be pointed out as one of the possible factors. It is well-known
[16, 26] that the boundary particles become more oblate and lenticular with larger aspect ratios as
the boundary energy increases. Such a lenticular shape is determined by the equilibrium between
the boundary energy and the particle/mairix interfacial energy. In this case, the aspect ratio should
not change during the quasi-equilibrium growth of the particles. However, Figure 6-5 shows that
the aspect ratio keeps increasing even after prolonged aging for particles on the 20° and 50.5°
boundaries. Therefore, the preferential growth of these particles along the [01 1j direction cannot be
attributed entirely to the effect of the grain-boundary energy.

Another factor to determine the shape of the boundary particles is the crystallographic
relationship between a particle and a matrix. As mentioned earlier, the boundary o-Fe-Co particles
have a KS orientation relationship to one of the two copper grains and the [011] growth direction is
that which describes the directional parallel relationship of the KS orientation. In Chapter 5, the
growth of in-grain a-Fe particles has been examined and it has been found that crystallography
plays an important role in the preferential growth along (110)-type directions. Therefore, the
present tendency towards the growth along [011] may well be determined crystallographically even
for the boundary particles. However, if this is the only factor, it is difficult to understand why the
aspect ratio of the particles on low-misorientation boundaries (6 = 5° and 10°) did not change on
aging (Fig. 6-5). To understand this point, one more factor related to the kinetics of the particle
growth must be taken into account.

As mentioned in 6.4.2., the anisotropic diffusion parallel to the [011] tilt axis prevails in the
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present symmetric tilt boundaries. Moreover, the diffusivity is larger in boundaries with larger
misorientation angles. Therefore, it is reasonable to consider that the preferential diffusion along
[011] caused the elongation of particles along the same direction. The elongation must be more
enhanced as the diffusivity increases. This means that the particles on 20° and 50.5° boundaries
should elongate more significantly than those on 10° and 15° boundaries. This is in agreement with
the experimental results shown in Fig. 6-5.

Finally, the reason why the precipitation of boundary a-Fe-Co particles is very difficult on
small-angle boundaries (such as the 5° boundary in the present study) will be briefly discussed.
As shown in Fig. 6-2, metastable y-Fe-Co particles rather than stable o-Fe-Co particles prevailed on
the 5° boundary. The scarceness of stable boundary particles on a small-angle boundary is in
agreement with the observations by Unwin and Nicholson [1} and by Monzen et al. [9]. Furthermore,
the precipitation of metastable particles is in qualitative agreement with the study by Vaughan [27].
Generally speaking, when boundary pa.rtiéles precipitate, the grain-boundary energy decreases and
the particle/matrix interfacial energy increases. When the overall energy change is negative, the
precipitation is energetically possible. The interfacial energy between incoherent a-Fe-Co pa:rticlcs
and the copper matrix must be much larger than that between coherent y-Fe-Co particles and the
copper matrix. In fact, as discussed in Chapter 3, a factor of 15 difference exists for the case of the
iron particles. Therefore, if the incoherent a-Fe-Co particles precipitate on such low-energy small-
angle boundaries as the 5° boundary, the increase in the interfacial energy cannot be compensated
for by the decrease in the grain-boundary energy. This is considered to be the reason why the
precipitation of a-Fe-Co particles was very difficult on the 5° boundary. It is of course very
probable that the solute concentration on such a small-angle boundary is small. However, this

cannot explain why the y-Fe-Co particles precipitated rather than the a-Fe-Co particles.
6.5. Summary and conciusions

In this Chapter 6, the precipitation of a-Fe-Co particles on various [011] symmetric tilt
boundaries of copper was examined using orientation-controlled bicrystals of a Cu-0.77mass%Fe-

0.84mass%Co alloy. The results and conclusions are summarized as follows.

(1) On the small-angle boundary with 5° misorientation, although some y-Fe-Co particles existed,
o-Fe-Co particles hardly precipitated and the width of PFZs was very narrow. It is concluded

that since the 5° boundary is a low-energy boundary, the increase in the particle/matrix interfacial
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energy associated with the precipitation of the incoherent a-Fe-Co particles can hardly be

compensated for by the decrease in the grain-boundary energy.

(2) The shape of boundary a.-Fe-Co particles depended on the misorientation angle 6. On 8 = 10°
and 15° boundaries, the particles were nearly spherical, while on 20° and 50.5° boundaries, they
were rod-like with the longitudinal direction parallel to the [011] tilt axis. It is concluded that
not only crystallography but also anisotropic pipe diffusion along [011] is responsible for the

misorientation-dependent shape of the boundary particles.

(3) The relationshipd > = K ¢ (K: a constant) was found to hold between the width d of PFZs and
the aging time 7 for all the bicrystals investigated. From this, it is concluded that solute Fe and
Co atoms are always supplied by bulk diffusion from the in-grain sources to the boundaries

during the growth process of boundary particles.

(4) The relationship 7 " = K¢ (K,: a constant) existed between the average radius 7 of boundary
particleé and the aging time &. Here the power n changed systematically from three (3) to five
(5) as misorientation increases from 10° to 50.5°. Therefore, it has been found that the kinetics
of the growth of boundary particles depends on the misorientation angle. The change in the #
values can be explained reasonably by considering the relative contributign of bulk diffusion

and dislocation pipe diffusion towords the particle growth.
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Chapter 7.

General Summary and Future Prospects
7.1. General summary and conclusions

In this thesis, studies on various aspects of physical metallurgy, (1) phase transformation,
(2) growth and coarsening kinetics of precipitates, (3) magnetism and (4) crystallography of
precipitates, of iron (iron-cobalt) particles in a copper matrix have been described. The unique
feature of the Cu-Fe alloy system and the usage of orientation-controlled single and bicrystals have
enabled us to significantly extend the knowledge on the above various subjects.

The contents and main findings of this thesis are summarized as follows:

In Chapter 1, "General Introduction”, the historical backgrounds and the motivation and aim
of the present studies have been mentioned.

In Chapter 2, "Stress Effects on the Martensitic Transformation of Small Iron Particles ina
Copper Matrix", the stress effect on the y—>o martensitic transformation in small iron particles ina
single-crystal copper matrix has been examined. It has been found that specific Kurdjumov-Sachs
variants out of 24 crystallographically equivalent ones are formed preferentially depending on the
direction ([001] or [419]) and sense (tension or compression) of the applied stress. Compressive
deformation induces more martensites than tensile deformation for specimens siressed along [001],.
On the» other hand, for specimens stressed along [419];, no significant differeﬁces has been found
between tensile and compressive deformations. In polycrystalline specimens, tensile deformation
induces more martensites than compressive deformation. These experimental results can be understood
reasonably and consistently if the significant stress effect on the f.c.c.~»b.c.c. lattice change in the
early stage of the martensitic transformation is considered.

In Chapter 3, "Growth of a-Iron Particles in a Copper Matrix", the growth kinetics of
o-iron particles in a copper matrix has been examined. By applying the Lifshitz-Slyozov-Wagner
(LSW) theory for Ostwald ripening, the a-Fe/Cu interfacial enegy of 3.3J/m? has been evaluated
from the growth curve. The growth kinetics has also been studied for the case where both a- and
y-iron particles co-exsist. The LSW theory has been found to be effective to treat the individual
particle growth kinetics when the growth of a- and y-iron is followed separately. It is also
concluded that when the two types of particles coexist, the difference in chemical free energies of
the y- and a-iron must also be considered in their growth process in addition to the effects of

particle size and interfacial energies. Furthermore, fundamental rate equations for the Ostwald
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ripening have been derived in a simple manner by taking directly into account the change in the
precipitate/matrix interfacial free energy. This method enables us to image the physics involved in

the rate equations very easily.

In Chapter 4, "Magnetic Anisotropy Caused by the Formation of Stress-Induced Martensite
in Small Iron Particles in a Copper Mairix", magnetic anisotropy of the deformed and successively
annealed Cu-Fe single crystals with transfomed o-iron particles has been examined by measuring
magnetic torque around (TIT)f. The shape of the torque curves depends strongly on the sense of
the applied stress while the amplitude of the curves becomes larger with increase in annealing time.
The stress-dependent shape reflects the preferential formation of specific stress-induced martensite
variants out of crystallographycally equivalent ones. The annealing time-dependent growth of the
amplitude of the torque curves reflects the spherical to ellipsoidal shape change of the a-iron
particles. These results are in good agreement with those of the TEM observations in Chapter 2.

In Chapter 5, "Crystallography and Morphology of Needle-Like a-Iron Particles in a
Copper Matrix", the crystallography and morphology of elongated a-iron particles in a copper
matrix have been examined. Two types of growth directions, (110), and (16 19 3);, are observed.
The precipitate/matrix interface consists of several facets of habit planes. The predominant habit
plane orientations of the (110), elongated particles are {111},/{110}, and {112} /{321},. These
observed crystallography and morphology of the a-iron particles have been explained excellently
by combining the simple geometrical and physical criteria, i.e., invariant-line deformation criterion
and the strain-energy minimization criterion. |

In Chapter 6, "Growth of Grain-Boundary Precipitates in Cu-Fe-Co Bicrystals", the growth
of a-Fe-Co precipitates on various [011] symmetric tilt boundaries in Cu-Fe-Co bicrystals has
been examined. It has been found that, on a small-angle grain boundary with 5° misorientation,
o-Fe-Co particles hardly precipitate and the width of the precipitate free zones (PFZs) is very
narrow. The shape of the particles depends on the misorientation angle 6 as a result of preferential
diffusion along the tilt axis; nearly spherical on 6 = 10° and 15° boundaries while elongated
rod-like along the [011] tilt axis on 20° and 50.5° boundaries. It has been found that the relationship
d? =K, (K, aconstant) holds between the PFZ width d and the aging time ¢ for all the boundaries
investigated. On the othe hand, the relationship 7 " = K,  (K,: a constant) exists between the
average particle radius 7 and the aging time. The misorientation-dependent change in the n values
from three to five as 8 increases from 5° to 50.5° can be explained by considering the relative

contribution of bulk diffusion and dislocation pipe diffusion towards the particle growth.
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7.2. Future prospects

Although the Cu-Fe and Cu-Fe-Co alloys were used in the studies described in this thesis,
many of the obtained results are considered to be more generally applicable to other alloy systems.
Here, to conclude this thesis, some remarks will be made as to what results are regarded to be very
general and what still remain to be investigated in future.

Related to Chapter 2, the conclusion that the stress effect appears most predominantly in the
early stage of martensitic transformations to change the lattice is believed to be a general one. The
usage of the Cu-Fe alloy single crystals was very advantageous to examine this subject. Clever
experiments, such as that in the present study, must be performed for other alloy systems to ensure
the universality of the present conclusion.

In Chapter 3, the growth kinetics of a-iron particles in a copper matrix was examined for
the cases of (i) o-iron particles alone and (ii) coexisting o~ and y-iron particles. The particle growth
under the condition of the coexistence of two different types (coherent and incoherent) of the
particles has neither experimentally nor theoretically been studied in detail. In the usual growth
kinetics, only the reduction in the interfacial free energy is considered as the driving force for the
particle growth. On the contrary, for the coexisting case, thermal stability, or the difference in
chemical free energies between the two types of particles, must also be taken into account in the
theoretical analysis. The theoretical understanding of this subject is a challenging problem to be
pursued in future. |

Furthermore, the growth kinetics must be modified to treat more rigorously the case of
non-spherical particle growth. Since other factors such as anisotropic interfacial energy and interfacial
diffusion must be introduced in the analysis, this problem is considered to be highly complicated.
Computer simulation may, in general, be necessary to treat the case.

The technique of the magnetic anisotropy measurement discussed in Chapter 4 is considered
useful not only for the scientific study of basic magnetic properties of materials but also for the
engineering investigation of, say, texture in steels. If austenite is paramagnetic and ferrite and
martensite are ferromagnetic, stress-induced transformation texture can easily be detected by the
magnetic anisotropy measurement. The combination of this technique and the discussed stress
effects in Chapter 2 will hopefully help us understand such phenomena as deformation texture and
the development of internal stresses.

The study on the crystallography and morphology of precipitate particles in Chapter 5 is

interesting in a sense that simple geometrical criteria were found to be excellently applicable to this
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case. As mentioned in the text, such geometrical criteria have been known to be useful in explaining
the crystallography of plate-like martensites and epitaxy between deposit and substrate crystals.
The present study suggests their wider application possibility to various other diffusion-controlled
precipitation products. It is, of course, true that simple geometrical criteria fail to be applicable for
certain systems, in particular for systems with strong interatomic interactions. Therefore, it is
interesting to know the ranges of the applicability and limitations of these geometrical criteria for
diffusionless and diffusion-controlled transformations and epitaxies.

For Chapter 6, it must be pointed out that more extensive and systematic studies are
necessary to establish the roles of grain boundaries on the precipitation and growth of boundary
particles. Considering the important effects of grain-boundary segregation and precipitation on
mechanical properties of materials, the lack of systematic data is a serious problem. There are many
factors which make the study on the boundary precipitation and growth very complicated and
tedious. To list some, grain-boundary character, bulk diffusion, grain-boundary diffusion, dislocation
pipe diffusion, particle/matrix interfacial energy, etc. The present study can be regarded as a first
attempt for the systematic investigation of this subject. As we have seen, the use of orientation-controlled
bicrystals is a must for such studies. Even if the same alloy system is chosen, data for many other
bicrystals and aging conditions (temperature and time) must be collected to find which of the above
factors are important under what conditions.

As listed above, even if we limit ourselves to the subjects treated in this thesis, many
problems still remain to be solved in future. Although the studies described ﬁn this thesis are not
yet complete and comprehensive, I hope they contribute for the better to the understanding of the

above various subjects.
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